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Abstract

UNCOVERING THE ROLE OF NEIGHBORING DOMAIN MODULUS ON THE
LOCAL GLASS TRANSITION

AND SHEAR WAVE PROPAGATION IN NANOSTRUCTURED POLYMERIC
MATERIALS

By Yannic J. Gagnon

In this dissertation, I use a modified fluorescence method to measure the local glass
transition temperature Tg(z) of multilayer polymer films, and I develop a quartz crys-
tal microbalance (QCM) method to measure the modulus of single layer and bilayer
films. My fluorescence measurements demonstrate that the local Tg(z) in a glassy
polystyrene (PS) film is strongly dependent on the Young’s modulus of a neighboring
polydimethylsiloxane (PDMS) domain. Specifically, by varying the Young’s modulus
from 0.9 to 2.6 MPa I find that the local Tg(z) in PS at a distance of z = 50 nm
away from the PS/PDMS interface increases by 40 K. In addition, I find that the
length scale of perturbation to bulk Tg in PS near the interface is z ≈ 65–90 nm. Al-
though this length scale is large compared to the interfacial width for this system of
wI ≈ 1.5 nm, it is considerably shorter than what would be expected from other sys-
tems studied previously by our group. We attribute this difference in length scale to a
smaller interfacial width in our system compared to those studied previously. Gather-
ing these results and others from the literature, we propose that acoustic impedance
matching might be the control parameter influencing perturbations to local Tg(z) near
dissimilar polymer-polymer interfaces.

In acoustic impedance matching, acoustic waves are maximally transmitted across
a boundary if the product of the density and shear moduli are similar between the
layers, and if the width of the transition in the shear moduli or the density between
the layers is large. In the rest of the dissertation, I develop an experimental method
using a quartz crystal microbalance (QCM) and a continuum physics model to study
the influence of annealing a polybutadiene (PB) / polystyrene interface on the MHz-
frequency shear wave propagation through the interface. Along the way, I measure the
shear modulus of PB, polydimethylsiloxane, and PS films at MHz frequencies. I find
that annealing a PB/PS bilayer at 120 ◦C for 100 min results in a pronounced change
in the QCM experimental signal associated with changes in viscoelasticity, and by
applying a continuum physics layer model show that the width of the modulus profile
near the PB/PS interface extends to approximately 150 nm. This broad length scale
of the modulus profile across dissimilar polymer domains developed by annealing sug-
gests an increase in the transmission of vibrational modes across the interface. This
increased transmission of vibrational modes may then perturb the local vibrational
modes in the polymer domains, which have been shown to be predictors of structural
relaxations associated with the glass transition. These results suggest that this in-
creased transmission of vibrational modes across the well-annealed polymer-polymer
interface may be the source of dynamical coupling causing the broad, extended Tg(z)
profiles that are observed to develop with interface annealing.
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1

Chapter 1

Introduction

The problem of the glass transition remains unsolved, though considerable progress

has been made in theory, simulations, and experiments. Polymers are excellent glass

formers, and polymer films are a simple system to understand the effect of decreasing

spatial dimension on the glass transition, or in the case of stacked polymer films, the

effect of interfaces on the glass transition. This dissertation is divided between three

main projects. The first project is about measuring the influence of modulus of a

polydimethylsiloxane (PDMS) domain on the local glass transition temperature in an

adjacent polystyrene (PS) domain. The second project is the development of a quartz

crystal microbalance (QCM) setup and continuum physics model to measure the mod-

ulus of rubbery polymer films. The third project is about applying this QCM setup

and extending the continuum physics model to measure the influence of annealing a

polybutadiene (PB)/PS polymer bilayer on the modulus near the interface.

In this introductory chapter, I will briefly discuss the glass transition and modulus

in both bulk polymer systems and polymer systems confined to the nanoscale, where

properties of the interface dominate. I will also discuss how the interface between two

adjacent polymers plays a key role in regulating perturbations to the glass transition

in multilayer polymer systems. This should provide a summary of the field and
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concepts that will be relevant for understanding my dissertation. I will end with an

overview of the following chapters.

1.1 The Glass Transition in Polymers in the Bulk

Cooling a liquid to reach a solid state generally proceeds along two pathways.

Some liquids, especially when cooled slowly, form an ordered solid termed a crystal,

in which there is long-range order through a repeating unit cell. Other liquids form a

disordered solid on cooling, termed a glass, in which there is no long-range ordering,

but which is in a non-equilibrium and solid state. Interestingly, in a small window of

temperature preceding the glass transition, the viscosity and modulus rise dramati-

cally, even though the microscopic structure and density barely change.1 Related to

this phenomenon, the reorganizations of the liquid’s units on cooling become more

cooperative in nature, with ever larger length scales of cluster rearrangement needed

for a given unit to move. Intermittent “cage breaking” events permit a given unit to

escape from a cage of surrounding units to a new, lower energy state in a different

cage.1 While visualizing this cage hopping is difficult in molecular or polymeric glasses,

this phenomenon has been directly observed in a colloidal glass.2 The longer coopera-

tive length scales required for particles to rearrange is accompanied by a longer time

scale between rearrangements. These cooperative rearrangements are termed “α-

relaxations,” and the region over which the rearrangement is cooperative is termed

a cooperatively rearranging region (CRR).3 This notion of CRRs was introduced by

Adam and Gibbs as a way of relating a length scale to the configurational entropy for

glass-forming liquids. This configurational entropy is related to the glass transition

by the fact that as the glass transition is approached, fewer configurational states of

the particles are accessible, which results in the drastic slowdown of particle mobility.

The size of a CRR for polymeric liquids near Tg is typically between 1-4 nm.4,5 The
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Figure 1.1: Cartoon of two common methods for measuring the average Tg of polymer
systems. In (a), the change in slope of the volume or enthalpy typically measured on
cooling identifies Tg. In (b), the thermal expansion coefficient α or the heat capacity cp
is measured on heating, and Tg is identified as either the temperature at the midpoint,
as shown here, or the temperature at the the onset of the transition.

time interval between cooperative relaxation events grows on approaching the glass

transition, before α relaxations cease altogether when the material becomes a glass.

Due to experimental constraints, the glass transition is often defined in experimental

systems as occurring when the relaxation time τ = 100 s.

The temperature at which a given material falls out of its equilibrium liquid

state on cooling is termed the glass transition temperature Tg and is a property

of a material for a given cooling rate in bulk glass forming materials. Polymers,

despite being long-chain molecules, have similar glass transition characteristics to

small-molecule glasses, because the packing frustration in polymers associated with
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the glass transition occurs at the local segmental level. The value of Tg for polymers

is not dependent on molecular weight beyond a threshold of a couple of hundred

monomers.1 Polymers are excellent glass formers, inexpensive, and have a plethora of

industrial applications, and are therefore often used to study the glass transition.

Figure 1.1 shows two common methods of measuring Tg experimentally. The first

method is done by determining the change in slope of the volume or enthalpy as

a function of temperature. Ellipsometry is a particularly common example of this

method for identifying Tg in polymer films. The film thickness, which relates to the

volume of the film, is monitored as a function of temperature on cooling, and the

intersection of lines fit to the glassy and rubbery regimes identify Tg. The second

common method of identifying Tg is by the midpoint or onset of the change in the

thermal expansion coefficient or heat capacity Cp measured on heating. Differential

scanning calorimetry (DSC) is a particularly common example of this method, where

DSC determines Tg of polymer systems by a step change in the measured heat flow

that occurs when passing through the glass transition temperature on heating.6

1.2 Modulus of Bulk Polymer Systems

Polymers are viscoelastic, meaning that their moduli contain an elastic term G′

related to the storage of an applied strain and a loss term G′′ related to dissipation in

response to an applied strain. An alternate description is that the storage modulus

is the portion of the modulus that is in phase with the applied strain, while G′′ is the

portion of the modulus that is out of phase with the applied strain.7 The complex

modulus G̃ combines the storage and loss moduli: G̃ = G′ + iG′′, where i is the

imaginary unit.

Figure 1.2 is a representation of the viscoelastic master curves for the storage

and loss moduli and the four regimes commonly found in polymers. In practice,
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Figure 1.2: Cartoon of the frequency- or temperature-dependent elastic response of a
typical polymer. (a) Storage modulus as a function of frequency, for different molecu-
lar weights. The four regions of interest are the glassy plateau at very high frequencies
(typically with modulus of the order GPa), the glass-to-rubber transition, the rubbery
plateau (typically with modulus of the order GPa), and the liquid flow regime. If the
material is cross-linked, there is no flow at low frequencies or high temperatures. A
higher molecular weight polymer will have a longer rubbery plateau regime than a
polymer with intermediate molecular weight, and polymers with molecular weights
below the entanglement threshold will not demonstrate rubbery plateau behavior.
(b) Storage and loss moduli as a function of frequency for a given molecular weight.

such curves are produced by measuring the storage and loss moduli as a function

of frequency at a series of different temperatures, then using time-temperature su-

perposition to shift the curves to make a single master curve corresponding to the

viscoelastic response at a single reference temperature.7 Such master curves tend to

describe the behavior of bulk polymers quite well within the range of frequencies that

are experimentally accessible.8 At low temperatures or high frequencies, monomers

are caged by their neighbors, and motions other than local rattling of a monomer in

its confining cage are effectively frozen out.1 In this glassy state, the polymer behaves
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as a solid, with G′ ∼ ω0 and G′′/G′ << 1.7 In the glass-to-rubber transition, cooper-

ative rearrangement occurs, in which multiple segmental units must move collectively

to allow a trapped unit to “hop” to a new cage.1 It is clear from Figure 1.2 that

the glass transition temperature and the modulus are correlated in bulk polymers.

At higher temperatures or long times, increasingly less cooperativity is needed for

segmental units to rearrange. If the polymer’s molecular weight is below the entan-

glement threshold Mc and the polymer is not chemically cross-linked, diffusion at

the chain level occurs and the polymer begins to flow like a liquid. In this terminal

regime, G′ ∼ ω2, G′′ ∼ ω, and G′′/G′ > 1.7

If the molecular weight of the polymer is greater than Mc, the presence of en-

tanglements changes the viscoelastic response and reptation begins to dominate the

relaxation process. Reptation refers to the snake-like motion polymer chains must

undergo to escape entanglements with nearby polymers. The presence of entangle-

ments causes a decoupling in the time scales involving the glass transition and liquid

flow. This leads to the rubbery plateau region, in which G′ ∼ ω0, and G′′/G′ < 1.

The time scale for reptation is characterized by the reptation time τr, which in the

tube model of reptation7 scales with molecular weight M as τr ∝ M3. Reptation is

linearly related to the viscosity η of an entangled polymer melt, leading to a predic-

tion of η ∝M3. In experimental systems, the viscosity dependence scales with M3.4,

which has been explained by more complex tube models that account for additional

relaxation mechanisms such as chain retraction and constraint release.7 The rubbery

plateau storage modulus GN is related to the molecular weight between entanglements

Me by7

GN =
ρRT

Me

, (1.1)

where ρ is the density, R is the ideal gas constant, and T is the temperature. At times

longer than the reptation time and for polymers which are not cross-linked, liquid flow

occurs. In this regime, the moduli go as G′ ∼ ω2, G′′ ∼ ω, and G′′/G′ > 1.7 For cross-
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linked polymer networks, the cross-links prevent the flow of material at time scales

larger than the reptation time. The rubbery modulus of the cross-linked polymer Gx

is related to the molecular weight between the cross-links Mx by7

Gx =
ρRT

Mx

. (1.2)

Equation 1.2 shows that the modulus of a cross-linked rubber should increase with

decreasing Mx, which corresponds to increasing levels of cross-linking in the network.

1.3 The Glass Transition in Polymer Thin Films

To better understand length scales of the glass transition in polymer materials,

Keddie, Jones, and Cory9 measured the Tg of PS films atop silicon substrates as a

function of film thickness h, using ellipsometry. They discovered that the Tg of PS

films decreased as a function of decreasing film thickness at thicknesses below∼ 60 nm,

for a total Tg depression of 30 K for the thinnest films of approximately 10 nm. This

trend was not molecular weight dependent, which indicates that this “confinement

effect” is not due to perturbations of the chain conformation when the chains are

confined to being below their unperturbed size. A similar trend of decreasing Tg

with decreasing h was measured for poly(methy1 methacrylate) (PMMA) films atop

evaporated gold substrates, though the magnitude of the Tg depression was smaller,

and a very slight increase in Tg on confinement was found for PMMA films supported

on silicon.10

Since these studies over twenty years ago, different groups using a variety of

experimental techniques such as ellipsometry, DSC, dielectric spectroscopy, X-ray

reflectivity, positron annihilation lifetime spectroscopy, and local thermal analysis

have reproduced the trend of decreasing Tg of PS with decreasing h, as reviewed in

Ref. [11]. Meanwhile, polymers with strong interactions with the substrate such as
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poly(2-vinylpyridine) (P2VP) display an increased Tg with confinement,12 and poly-

mers with weak interactions with the substrate such as PMMA on silica display little

change in Tg with confinement.10 These different trends in polymer films supported

on solid substrates can be understood on the basis of a competition of effects from

the interfaces at the top and bottom of the film. At the top of the film is a free

surface, and due to the reduced number of neighbors at the free surface, polymer

mobility is increased. This increased mobility means that the polymer near the free

surface can relax more readily than polymer in the bulk, which leads to a decrease

in the measured averaged Tg. At the bottom of the film is the substrate. If there

is not a strong interaction energy between the polymer and the substrate, such as

the case of PS and silica, the presence of the substrate only perturbs the polymer

by altering the chain conformation from its ideal state locally near the substrate.13,14

While the presence of a hard wall boundary condition is predicted to influence the

chain conformation and entanglement density near the substrate,14 it does not alter

the local segmental mobility relevant for altering cooperative motion and thus Tg.

However, this situation changes if there is an attractive energy of interaction between

the polymer and the substrate, such as for P2VP and silica. In this system, hydrogen

bonding occurs between the nitrogen-containing group in the P2VP monomer and

the hydroxyl groups on the silica surface, which reduces the local segmental mobility

and increases the measured Tg of thin films.12

In an effort to better understand the magnitude and the spatial extent to which

interfaces locally influence the glass transition in polymer films, Ellison and Torkelson

devised a method using the fluorescence of pyrene to measure the Tg of PS locally

at the free surface and substrate interfaces.15 To measure the local Tg in PS using

pyrene, the pyrene molecule cannot be allowed to diffuse away during the experiment.

In Ref. [15], the pyrene molecule was connected to a butyl methacrylate monomer

which was chemically attached to the backbone of PS of sufficiently high molecular
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weight so that the pyrene connected to the PS did not diffuse more than 1-2 nm on the

timescales of the experiment. The pyrene was added in sufficiently low concentrations

that the Tg of unlabeled, neat PS was within ∼1 K of the pyrene-labeled PS (PS-Py).

To measure the local Tg, a thin (12-14 nm thick) PS-Py layer was inserted at the top

of a ∼270 nm PS film to measure the local Tg of PS at the free surface. To measure

the local Tg of PS at the substrate, a thin PS-Py layer was inserted between the quartz

substrate and the PS film. Finally, to measure the local Tg of PS in the bulk, a thin

PS-Py layer was inserted between two 270 nm PS films. Additional measurements

varied the thickness of the PS-Py layer at the free surface or the thickness of the PS

underlayer. The overall multilayer stack was annealed at 130 ◦C for 10 min prior to

collecting fluorescence measurements to erase thermal history, which also smoothes

over the abrupt interface between the PS and the PS-Py layers by causing some

interfacial broadening between these layers. The results of these measurements were

that the local Tg at the free surface was 32 ◦C less than the bulk PS Tg, and this effect

propagated ∼30 nm from the free surface into the PS. The local Tg at the substrate

was the same as the bulk Tg of PS, and the local Tg measured in the bulk of PS was

the bulk Tg of PS. These results demonstrated that the length scales of perturbations

to Tg near the free surface interface are tens of nm. This length scale stands in

contrast with the much smaller 1-4 nm associated with the size of a cooperatively

rearranging region. This difference in length scales showed that the perturbation to

the local average cooperative motions that affect Tg in a region of a polymer film is

determined primarily by the nature of the interface (polymer-free surface or polymer-

substrate), although the sizes of CRRs likely play an additional role in the length

scales of perturbation.16
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1.4 Current Theoretical Understanding of the Glass

Transition in Confined Polymer Systems

A range of theories have been put forward to model the glass transition behavior

of polymeric materials in confined geometries. A recent paper by Schweizer and Sim-

mons17 provides an excellent review of some of the most well-known theories to date.

Some theorists who prefer a thermodynamic treatment of the glass transition have

extended the Adam-Gibbs concept of relating the slowing dynamics on approaching

the glass transition with configurational entropy. Theories in this category include

the Random First Order Theory (RFOT), which incorporates elements from nucle-

ation theory rather than CRRs to describe the growing length scale for structural

relaxation,18 and the “string model” by Starr and Douglas19,20 that uses a string-like

geometry of CRRs to encode a length scale of cooperative motion. Different theories

based on free volume approaches attempt to connect the gradient in free volume or

density near an interface to the relaxation times in the material, often including the

concept of CRRs but grounding these concepts in a free volume rather than config-

urational entropy basis.21–24 Other models emphasize a kinetic approach to the glass

transition. The “limited mobility” (LM) model of Tito, Milner, and Lipson25–27 is

a purely kinetic lattice model where free volume and local mobility in a fluid near

interfaces are transferred to adjacent lattice sites according to specific rules and with

specific probabilities. Importantly, free volume and mobility are decoupled, so that

their individual evolution can be observed as the liquid approaches the glass transi-

tion. A “kinetic arrest” transition, beyond which mobility is arrested and free volume

is kinetically trapped, is used as an analog to the glass transition.

A theory of the glass transition in polymer systems that has been particularly suc-

cessful in modeling experimental data is Schweizer’s Elastically Collective Nonlinear

Langevin Equation (ECNLE) theory. The ECNLE theory has seen great success in
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modeling glass formation in small molecule systems,28–30 and bulk31 or confined32–35

polymer systems. The ECNLE model received its inspiration from the earlier Shoving

model by Dyre,36,37 which was a primarily continuum mechanics-based model applied

to bulk glasses. The key aspect of these “elastic activation models” is the introduc-

tion of a long range elastic field that couples to local structural relaxation events. In

the ECNLE model, spontaneous strain fluctuations in cooling liquids can create ex-

tra volume locally, which facilitate local incompressible structural relaxation events.

These structural relaxation events correspond to the cage breaking and particle hop-

ping events discussed earlier. The energy barrier of the strain fluctuation is set by

the glassy plateau shear modulus G′(T ). In many cases the ECNLE model is able

to demonstrate quantitative agreement between theory and experiment with calcula-

tions using no adjustable parameters, which suggests the importance of long-ranged

strain fields and of the glassy plateau shear modulus G′(T ) on the glass transition in

glass forming polymer systems.

1.5 Modulus of Thin Polymer Films

Measuring the modulus of thin polymer films is an especially difficult task, since

conventional methods of measuring the viscoelasticity of bulk systems such as dy-

namic mechanical analysis typically involve applying a stress that can damage or

break apart thin films. Determining reliable values of the modulus of polymer thin

films from indentation methods such as nanoindentation are also difficult, because

the stress field produced by the indenter tip can travel farther than the tip itself and

sample the hard substrate beneath the polymer thin film.38–40 With these difficulties

in mind, a non-indentation method of measuring the modulus in thin polymer films

is desirable, so that the indenter does not sample the modulus of the substrate or

adhere to the film.
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There are a variety of methods of measuring different forms of moduli that have

been developed over the years. One method, developed by Stafford et al.,41–44 is a

particularly well-known and useful method for measuring the Young’s modulus E of

glassy polymer thin films, although it can also be applied to measure the Young’s

modulus of thin rubbery films.45 This method, termed the “buckling” or “wrinkling”-

based method, causes a strain-induced buckling instability of a glassy polymer film

atop a cross-linked rubbery PDMS substrate that has been held under tension prior

to placing the polymer film on top. On release of the tension, the PDMS/film system

buckles, forming periodic wrinkles of wavelength λ. This wavelength is measured via

optical microscopy or light scattering45 and is related to the film’s Young’s modulus

and the Young’s modulus of the PDMS substrate with a simple equation from buckling

mechanics. The buckling-based measurements of the glassy Young’s modulus of PS

measure a decrease in modulus with decreasing film thickness occurring at ∼40 nm,

with E decreasing by over a factor of 3 for the thinnest films of 5 nm.42 A similar

trend was observed for the modulus of PMMA films, also supported on PDMS. The

trend in decreasing modulus of polymer thin films with confinement to sub-40 nm

thicknesses (without strong interactions with the substrate) is similar to the trend

of decreasing Tg of polymer thin films with confinement, which is suggestive of Tg

and E of thin polymer films being correlated, as they are in the bulk. However,

this correlation in length scales was not observed for poly(n-propyl methacrylate)

(PnPMA) films measured with the buckling method, for which the modulus varied

at thickness scales up to h = 80 nm but the Tg was invariant at the measurable

thicknesses of h > 50 nm.43

The buckling method presents a very useful method for measuring the Young’s

modulus of thin polymer films, but it is not without limitations. There must be a

significant modulus mismatch between the rubbery substrate layer and the glassy top

layer, which restricts the measurement to only being able to measure certain polymers.
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Also the viscoelastic Young’s modulus of polymers is temperature and rate-dependent,

and is comprised of the storage and loss moduli: Ẽ(ω, T ) = E ′(ω, T ) + iE ′′(ω, T );

however, the modulus determined by the buckling method is the zero frequency and

room temperature real component of the Young’s modulus, E. To obtain a full picture

of the viscoelasticity of a polymer thin film, the buckling method therefore needs to

be complemented by a different technique to access a different rate or temperature

scale of the polymer’s response.

A number of other methods of measuring the modulus of thin films have been pro-

posed, each with its own particular strengths and drawbacks. The Uniaxial Tensile

Tester for UltraThin films (TUTTUT) method was recently developed as a way to

conduct a tensile test measurement with a cantilever system to collect full stress/strain

curves on a glassy polymer thin film floating on a liquid.46 This method obtained re-

sults in good agreement with the buckling-based method, with the glassy Young’s

modulus E for PS thin films decreasing precipitously with decreasing h starting at

h ≈ 25 nm. In addition, the collection of tensile measurements which collect full

stress/strain curves allowed investigation into the failure mechanisms of thin PS and

polycarbonate (PC) films. The TUTTUT method has been recently adapted to mea-

sure the modulus of freestanding polymer thin films with a method termed the “Ten-

sile tester for Ultrathin Freestanding Films” (TUFF).47 The TUFF method bypasses

the weakness of the liquid-substrate TUTTUT method, for which the water may alter

the measured modulus of the polymer, and which can only be used for hydrophobic

polymers that float on the surface of water. Unfortunately, the difficulty in preparing

and measuring freestanding films limited the TUFF method to measuring polymers

of thicknesses of h ≥ 30 nm, which is above the thickness at which the standard TUT-

TUT method measured differences in the modulus with decreasing film thickness.

To obtain the temperature-dependent biaxial rubbery modulus of thin polymer

films, the “bubble inflation” method was created by O’Connell and McKenna.48,49



14

Pressurized air channeled through an array of 5 µm diameter holes expands a polymer

film placed over the holes, creating nanobubbles in the polymer film. An atomic force

microscope (AFM) images the nanobubbles as a function of time, temperature, and

film thickness. The stress and strain are related by simple expressions to the pressure,

film thickness and the radius of curvature of the nanobubble. Since the measurement

involves measuring the time-dependent strain due to constant applied stress, the

viscoelastic property measured is the compliance. The bubble inflation method has

been applied to a range of polymers such as PS, PC, poly(n-butyl methacrylate)

(PnBMA), poly(ethyl methacrylate), (PEMA), and poly(vinyl acetate) (PVAc), and

has revealed a dramatic stiffening effect of polymer thin films in the rubbery plateau

regime, with rubbery stiffness in the thinnest films being 2 − 3 orders of magnitude

larger than the bulk rubbery plateau stiffness.48,50 The McKenna group also developed

a method using nanoparticle embedding to measure the surface compliance of bulk PS

and poly(α-methylstyrene) (PαMS) films.51,52 This method measures the depth via

an atomic force microscope (AFM) that nanoparticles placed on the polymer film’s

surface embed, which is related to the surface compliance of the polymer. Refs. [51,

52] found that the surface compliance of PS and PαMS in the glassy regime decreased,

while the surface compliance of PS and PαMS in the rubbery regime increased.

The current consensus in studies of the confinement effect on the viscoelasticity

of polymer thin films is that the glassy state modulus of thin polymer films decreases

with decreasing thickness beyond a threshold thickness that is typically between 20−

80 nm.38 For the most commonly studied system of PS, this change in viscoelasticity

manifests as a decrease in the modulus with decreasing thickness as measured by

the buckling-based method and the TUTTUT method.41,42,44,46 These experimental

results are in agreement with computer simulations that observe the emergence of

a heterogeneous local stiffness in model glassy polymer systems on confinement53,54

that results in a decrease in Young’s modulus with decreasing feature size for polymer
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nanostructures without strong interactions with the substrate,53 a decrease in E near

the free surfaces of a glassy freestanding polymer film,55 and an increase in stiffness

via a decrease in the Debye-Waller factor near the substrate for a model system of

PMMA films supported on an attractive substrate.56 However, this consensus is not

universal across all experimental techniques, and other measurements, such as those

conducted with Brillouin light scattering (BLS),57 nanoindentation, and a different

method using the surface wrinkling of thin (down to 10 nm-thick) PS films floating

on water58 report no modification to modulus with confinement.

1.6 Influence of Polymer-Polymer Interfaces on the

Glass Transition

The enthalpy of mixing dissimilar polymers is positive: like polymers prefer to

associate with like polymers.7 The entropy of mixing two dissimilar polymers is in-

versely proportional to the degree of polymerization–the number of monomers per

chain–so that dissimilar polymers do not have as much of an entropic drive to mix,

in contrast to dissimilar small molecules. Therefore, when two dissimilar polymers A

and B are placed next to each other, an interface forms between them. The properties

of the interface are determined by a competition of forces. First, there is a relative

attraction of A with A and B with B, which seeks to drive A from B. But there are

cohesive forces even between A and B that prevent a gap in the interface from form-

ing. The shape of the density profile of the interface is dictated by a balance between

the low probability of a high energy conformation that explores the dissimilar other

phase, and the conformational entropy increase on exploration of the other phase.59

The degree of relative repulsion between different chain segments, which determines

the favorability of mixing, is encoded in the temperature-dependent interaction pa-

rameter χ, often written as an expansion in temperature of the form χ = A+ B
T

+ C
T 2 ,
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where A, B, and C are constants.60 Experimentally, χ is typically measured from

small-angle neutron scattering (SANS) experiments of binary polymer blends.61,62

The interaction parameter in turn relates to the width of the compositional interface

wI between two immiscible polymers. This interfacial width for two high molecular

weight polymers with similar statistical segment lengths b and densities is given by63

wI =
2b√
6χ
, (1.3)

for a composition profile

φ(z) =
1

2

[
1 + tanh

(
2z

wI

)]
. (1.4)

The glass transition in polymer blend systems is conventionally related to the

composition and individual glass transition temperatures of the homopolymers.64,65

The Fox equation is the most simple equation that has been successful in predicting

the Tg of polymer blends,64 although a number of more complicated equations have

been developed to better fit experimental data. The sample-averaged Tg of a binary

blend of polymers A and B is given by the Fox equation as:64,65

1

Tg(A+B)
=

xA
Tg(A)

+
xB

Tg(B)
, (1.5)

where xi is the mass fraction of polymer i (xB = 1 − xA), and Tg(i) is the glass

transition temperature of the homopolymer i. Other equations have been developed

to model the presence of other factors such as hydrogen bonding on the Tg of polymer

mixtures,65,66 and together with the Fox equation this series of equations predicting

Tg of polymer blends or copolymers as a function of composition tend to be quite

accurate.67 More recent developments such as the Lodge-McLeish model68 treat poly-

mer systems in a more sophisticated manner by taking into account the increased
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probability of a given monomer to be next to a monomer of the same species due to

chain connectivity.

Based on the Lodge-McLeish picture for local Tg, near and within the interface

between two polymers, one would expect that the local Tg should depend on the local

mass or volume fraction of the two polymers and their respective Tg. However, the

physics of how polymer-polymer interfaces perturb local material properties is quite

nuanced, and a variety of experimental, simulation, and theory work suggest that such

a simple relation is not sufficient. Recent experimental work by Baglay and Roth69,70

used a local fluorescence probe method derived from that developed by Ellison and

Torkelson15 to measure the local Tg near polymer-polymer interfaces in a multilayer

film geometry.

Recent experimental work by Baglay and Roth measured the local Tg near and

across polymer-polymer interfaces in a multilayer film geometry,69,70 demonstrating

that the local Tg as measured by pyrene fluorescence in a PS domain is perturbed to

long length scales of 225-250 nm when near an interface formed between PS and a

lower Tg polymer domain. A shorter ranged length scale of 100-125 nm was required

to reach bulk Tg of PS near an interface formed between PS and a higher Tg polymer.

These results were determined for weakly immiscible PS / polymer pairs, with the

interfacial width of the composition for these systems ranging from 5-7 nm. Interest-

ingly, progressive annealing above the Tg of PS for a PS / polysulfone (PSF) system

demonstrated that the long length scales of local Tg perturbation are only observed

when the interface is sufficiently annealed.

As discussed in Ref. [70], annealing a polymer-polymer interface changes the sys-

tem in three main ways. First, annealing broadens the interfacial region, resulting in

an equilibrium interfacial width determined by the interaction parameter χ. Second,

annealing increases the interfacial roughness. Third, annealing increases chain con-

nectivity across the interface. Later work demonstrated that roughness of an interface,
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studied by measuring the local Tg in PS near silica surfaces roughened by exposure

to corrosive hydrogen fluoride vapor,71 does not play a large role in varying the local

Tg in PS. Other work with grafted polymer chains suggests that chain connectivity

may be a relevant parameter.72 However, the length scales of Tg perturbation in a PS

domain next to a lower T bulk
g polymer domain were demonstrated to be independent

of molecular weight of the lower T bulk
g polymer.73 It is therefore unclear as to how

important increased chain connectivity across a dissimilar polymer-polymer interface

caused by annealing is to producing the effect of long length scales of Tg perturbation.

A known effect of annealing a dissimilar polymer-polymer interface is broadening

the interface, and this interfacial broadening may be an important factor in altering

local Tg near the interface. This expectation is in good agreement with theoretical

results from Mirigian and Schweizer that demonstrated that increasing the width of

the polymer-air interface of free standing films from a step-function to a finite, more

realistic interfacial width for a polymer-air interface leads to an approximate doubling

of the length scales of perturbation to the local glass transition.74

Similar to the previous discussion of the confinement effects on Tg and mechan-

ical properties, property changes near polymer-polymer interfaces can often depend

on the measurement method and the property being measured. Block copolymers,

which consist of alternating layers of different domains, are one model system used to

measure property changes in polymer systems due to interfaces. When the average

Tg of block copolymers are measured by DSC, typically small Tg shifts are observed

with decreasing domain size.75 Recently, Christie, Register, and Priestley used a sim-

ilar local fluorescence probe method as that developed by Ellison and Torkelson to

measure the local Tg in a block copolymer that was self assembled into alternating

layers of poly(butyl methacrylate) and PMMA.76 They found that bulk Tgs of the in-

dividual polymers were recovered at a distance of less than 5 nm from the interfaces,

with a larger length scale required to reach bulk Tg in the glassy PMMA domain than
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in the poly(butyl methacrylate) domain. In addition, the Fox equation presented a

reasonable model for the local Tg in the rubbery poly(butyl methacrylate) domain,

but was not able to model the local Tg in the glassy PMMA domain.

A number of open questions remain from Baglay and Roth’s work. First, what is

the relevant parameter describing hard vs. soft confinement? Modulus, especially the

high frequency shear modulus,17,77 is a likely candidate, but simply comparing the

moduli of the polymers in these studies cannot be done without also accounting for

the different chemistry of the polymers. Chapter 2 of this dissertation disentangles the

effect of modulus with different chemistry of a polymer on local Tg perturbations in

adjacent PS. This is accomplished by using cross-linked PDMS, which can be prepared

with different moduli tuned by the level of cross-linking. While the modulus of PDMS

is varied by changing the cross-link density, the underlying chemistry is preserved.

Second, what is the mechanism responsible for the large length scales of hundreds of

nm of perturbation to local Tg near weakly immiscible polymer-polymer interfaces?

This length scale is much broader than the local composition, is larger than intrinsic

length scales of the polymers used such as the radius of gyration (up to ∼50 nm for

Baglay and Roth’s systems), and is unaffected by molecular weight. In Chapter 2, I

propose the source of these long length scales relate to the transmission of acoustic

vibrations / phonon modes across the polymer-polymer interface. In Chapter 3, I

design an experimental circuit that transmits acoustic shear waves into an adjacent

polymer film and develop the necessary continuum mechanics analysis to measure the

modulus and film thickness of the film. In Chapter 4, I use this circuit and adapt

the continuum physics model to measure the transmission of shear waves across a

polymer-polymer interface under varying stages of interface formation, controlled

by annealing time. I find a long length scale of the width of the modulus profile

near the interface, which demonstrates a large spatial extent in the local modulus

variation near glassy-rubbery polymer interfaces, which causes increased transmission
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of acoustic waves through the interface, may be responsible for the long length scales

in local Tg(z) perturbations near dissimilar polymer interfaces.

1.7 Experimental Methods

The main experimental techniques used in this dissertation are fluorescence spec-

troscopy, and a quartz crystal microbalance method that will be described in detail

in Chapter 3. In addition, I use ellipsometry to measure the film thickness of polymer

thin films.

The fluorescence spectroscopy method used in this thesis to measure local Tg

in polymer films was originally developed by Ellison and Torkelson.15 The fluores-

cence probe used is pyrene, which has a fluorescence spectrum that is highly sensitive

to the local environment’s polarity, density, and rigidity.78,79 The temperature de-

pendence of the fluorescence intensity of pyrene within a polymer matrix reflects

changes in the quantum yield of the dye due to a competition between radiative

and non-radiative decay. At higher temperatures, increased thermal energy results

in more non-radiative decay through vibrational or rotational modes, while at lower

temperatures, an increased rigidity of the surrounding polymer matrix decreases the

non-radiative decay and increases the fluorescence intensity.15,80 As established by

Torkelson and co-workers,15,81 the Tg values from fluorescence agree well with ellip-

sometry and differential scanning calorimetry (DSC) for bulk samples. The fluores-

cence method used by Baglay and Roth was developed by Rauscher et al.82 to allow

for more data to be collected and to automate the data collection process, while also

minimizing photobleaching of the pyrene fluorophore. The protocol used a Photon

Technology International QuantaMaster spectrofluorometer with a sample mounted

on a heater stage. Samples were thermally equilibrated at temperatures above the

bulk Tg of all layers in the sample for times sufficient to consolidate the material and
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remove potential air gaps but still smaller than the reptation time of the polymer

chains labeled with the pyrene fluorophore.69,70,82 Measurements of the fluorescence

intensity of pyrene at the first emission peak corresponding to an emission wavelength

of 379 nm were collected on cooling at 1 ◦C per minute for 3 s every 30 s. The local

Tg measured by the fluorescence of the pyrene-labelled layer was identified by the

intersection of linear fits to the glassy and rubbery regime data.

Throughout this dissertation, I use ellipsometry to measure the film thickness of

polymer thin films. Ellipsometry measures the change in polarization of elliptically

polarized light upon reflection from a film. Fresnel reflection coefficients describe the

portion of reflected light polarized parallel rp and perpendicular rs to the plane of

incidence. An ellipsometer measures the wavelength-dependent quantities ψ and ∆,

which relate to the magnitude tanψ and phase ei∆ of the ratio of the Fresnel reflection

coefficients:83

rp
rs

= tan Ψei∆. (1.6)

Polymer films are typically transparent in the visible light range, and we used the

wavelength range 400 − 1000 nm (in the visible to infrared range) to avoid optical

absorption by the film at smaller wavelength radiation and to maximize the signal to

noise ratio. A layer model is used to fit the experimental data to determine the film

thickness h and index of refraction n of the film. I used a Cauchy layer model83 to

model the index of refraction of a polymer film atop a semi-infinite silicon substrate

with a 1.25 nm native oxide layer:84

n(λ) = A+
B

λ2
+
C

λ4
, (1.7)

where A, B, and C are fit parameters. Fitting for the film thickness and index

of refraction was done in the CompleteEASE or WVASE software, in which the

mean squared error (MSE) between the experimental data and the model data were
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minimized by varying the model’s h, A, B, and C until the minimum of the sum of

residuals from the calculated and experimental ψ(λ) and ∆(λ) was reached. The best

fit film thickness and index of refraction are the thickness and index of refraction that

correspond to the minimized MSE. There is a change in slope in the film thickness

as a function of temperature that occurs on passing through Tg, which relates to

the different thermal expansion coefficient in the glassy and rubbery states of the

polymer.84 By measuring the thickness as a function of temperature, the Tg of a

polymer film can be determined by the intersection of linear fits to the regions above

and below Tg. In this dissertation, ellipsometry is used only to measure the thickness

of films at room temperature.

1.8 Outline of Dissertation

This dissertation consists of five chapters on my research that developed a better

understanding of the role that modulus plays in regulating perturbations to the local

Tg near a polymer-polymer interface, the development of a QCM circuit and a contin-

uum model to measure the shear modulus of rubbery polymers, and the application

of the QCM circuit and continuum model to investigate the influence of annealing on

the modulus and acoustic wave propagation in polymer bilayer systems.

Baglay and Roth’s work suggested that the modulus of a polymer may be im-

portant in altering the local Tg in an adjacent polymer,69,70 but the modulus was

not decoupled from the chemistry of the polymer underlayers. In Chapter 2, I use

PDMS to vary the Young’s modulus of a substrate while retaining the chemistry to

determine the effect of substrate modulus on local Tg in adjacent PS, measured using

the same fluorescence method as that in Refs. [69, 70]. I find the surprising result

that the local Tg in PS next to PDMS at 50 nm from the interface varies by 40 K

when the Young’s modulus of PDMS is varied from 0.9 to 2.6 MPa. Measuring local
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Tg at varying distances from the interface, I find that the local Tg profile extends

to ≈65-90 nm before bulk Tg is recovered. I demonstrate that the reduction in this

length scale compared to the hundreds of nm length scales from systems with 5−7 nm

interfacial widths studied by Refs. [69, 70] is likely due to the smaller interfacial width

of the PS/PDMS pair of ≈ 1.5 nm, which provides experimental evidence that the

interfacial width between immiscible polymer pairs plays a key role in governing the

extent of alterations to local dynamics characterized by local Tg shifts. A version of

this chapter was published as:

Yannic J. Gagnon, and Connie B. Roth. “Local Glass Transition
Temperature Tg(z) Within Polystyrene Is Strongly Impacted by the
Modulus of the Neighboring PDMS Domain.” ACS Macro Letters
9, 1625-1631 (2020).

Baglay and Roth’s results, as well as my own, together with intriguing results

from the literature demonstrating that the thickness-dependent Tg of thin PS films

floating on glycerol follow a similar quantitative trend in Tg reduction as PS films

on silica,85,86 suggest that a concept such as acoustic impedance matching might be

the control parameter influencing perturbations to local Tg. In acoustics, the con-

cept of impedance matching states that transmission of a transverse acoustic wave

across a boundary is maximized if the product of the density and shear moduli are

similar between the layers.87 Also, reflections are reduced if there is a gradual change

in the material; i.e., if the interfacial width is large between the materials. Given

the similarities between the impedance matching concept and the strong impact of

interfacial width on local Tg perturbation length scales, theory demonstrating the con-

nection between cage breaking events and elastic fluctuations,17,74,88 and simulations

demonstrating the importance of the relative high-frequency shear moduli between

adjacent polymer domains in altering Tg of the domains,77 these Tg perturbations and

potentially modulus perturbation length scales may be related to acoustic shear wave

transmission across the polymer-polymer interface.
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A QCM is a promising device to investigate shear wave transmission or changes in

modulus in polymer films, because it produces MHz frequency shear waves that are

extremely sensitive to changes in the overlayer material.89 In Chapter 3 I develop an

experimental QCM circuit in collaboration with Emory’s Burton Lab that measures

resonance frequency traces of the QCM. Shifts in these resonance frequencies and

bandwidths on loading the QCM with a film correspond to the thickness and modu-

lus of the film. I illustrate the use of a simple continuum physics model that provides

the frequency-dependent storage and loss moduli of a polymer film on a QCM, in

addition to the film thickness. An advantage to our approach is that we are able to

collect and analyze data over a larger frequency range than other groups, which is

especially important for measurements of rubbery polymer films. We also contribute

a physically intuitive continuum model to the literature that numerically solves the

relevant continuum equations without mathematical simplifications. I measure the

modulus of rubbery PB and PDMS at MHz frequencies within the glass transition

regime and find excellent agreement with literature values collected by more conven-

tional means. A version of this chapter was published as:

Yannic J. Gagnon, Justin C. Burton, and Connie B. Roth. “Physi-
cally Intuitive Continuum Mechanics Model for Quartz Crystal Mi-
crobalance: Viscoelasticity of Rubbery Polymers at MHz Frequen-
cies.” Journal of Polymer Science 60, 244-257 (2022).

In Chapter 5, I use the QCM method developed in Chapter 4 to investigate the

acoustic shear wave transmission through a PB/PS interface, and demonstrate that

annealing the interface at 120 ◦C produces a broad shear modulus profile of width

≈ 150 nm near the interface after sufficient annealing times. This result provides

strong evidence that the long-ranged modulus gradient may be responsible for the

long-ranged local Tg(z) perturbations observed in Refs. [69, 70, 73, 90]. A version of

this chapter is in preparation for publication.
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Chapter 2

Local Glass Transition

Temperature Tg(z) Within

Polystyrene Is Strongly Impacted

by the Modulus of the Neighboring

PDMS Domain

2.1 Synopsis

Profiles in the local glass transition temperature Tg(z) within polystyrene (PS)

next to polydimethylsiloxane (PDMS) domains were determined using a localized

fluorescence method. By changing the base to cross-linker ratio, we varied the cross-

link density and hence Young’s modulus of PDMS (Sylgard 184). The local Tg(z)

in PS at a distance of z = 50 nm away from the PS/PDMS interface was found to

shift by 40 K as the PDMS modulus was varied from 0.9–2.6 MPa, demonstrating

a strong sensitivity of this phenomenon to the rigidity of the neighboring domain.
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The extent the Tg(z) perturbation persists away from the PS/PDMS interface, z ≈

65–90 nm before bulk Tg is recovered, is much shorter for this strongly immiscible

system compared with the weakly immiscible systems studied previously, which we

attribute to a smaller interfacial width as the χ parameter for PS/PDMS is an order

of magnitude larger.

2.2 Introduction

High performance multicomponent materials have nanostructured morphologies

where the desired global properties are obtained from an amalgam of local prop-

erty changes caused by the multitude of internal interfaces. Studies on thin polymer

films have demonstrated a host of property changes with decreasing film thickness at-

tributed to interface effects,15,17,38,91,92 including polymer-polymer interfaces.69,70,77,82,92–101

The efficient design of multicomponent materials requires the understanding of how

these interface effects perturb local properties. Glassy-rubbery interfaces between

polymer domains impart material toughness and flexibility,102,103 and can be used to

tune phononic transport.104 Although a range of different processing methods have

been developed to create morphologies with sub-100 nm domain sizes,105–108 studies

of simplified systems with a single interface can directly inform the underlying mech-

anisms behind such applications by mapping local properties as a function of distance

from the interface.

In 2015, Baglay and Roth mapped how the local glass transition temperature

Tg(z) changed across a glassy-rubbery polystyrene (PS) / poly(n-butyl methacrylate)

(PnBMA) interface, finding this profile in local dynamics to be much broader and

asymmetric relative to the composition profile,69 with follow-up work demonstrating

a similar behavior for a range of weakly immiscible polymer pairs.70,73 The range the

dynamical perturbation persisted away from the dissimilar polymer-polymer inter-
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face before bulk Tg was recovered for these semi-infinite bilayer systems depended on

whether the neighboring polymer domain had a higher T bulk
g (“hard confinement”),

extending to z ≈ 100–125 nm, or lower T bulk
g (“soft confinement”), extending to z ≈

225–250 nm. An important observation from these studies was that these broad Tg(z)

profiles only formed upon annealing the dissimilar polymer interface to equilibrium,

suggesting that some factor during polymer-polymer interface formation was respon-

sible for the coupling of Tg dynamics across the interface.70 More recent work has

identified that chain connectivity across the interface appears to play a dominant

role,72 as opposed to interfacial roughness.109 However, a number of open questions

remain: Does the breadth of the compositional interface impact the range of the dy-

namical Tg(z) perturbation? Is the modulus of the neighboring domain an important

factor in dictating the Tg(z) response?

In the present work we test both these open questions by experimentally measuring

the Tg(z) profile in PS next to polydimethylsiloxane (PDMS) by varying cross-link

density to alter the modulus of the PDMS neighboring domain without changing

the chemistry of the dissimilar polymer interface. A localized fluorescence method

is used to measure the local Tg(z) of a thin pyrene-labeled PS probe layer placed

at a distance z from the PS/PDMS interface. These findings demonstrate that the

breadth of the compositional interface between the two dissimilar polymers and the

modulus of the neighboring domain are key factors controlling the Tg(z) behavior,

providing insight for related theoretical efforts in the field17,26,34,35,77,99,100,110–112 into

the control parameters responsible for this phenomenon. Characterization of the local

properties near the interface of PS/PDMS, in particular, are relevant for a range of

applications from mechanical reinforcement of polymers102,103 to the buckling-based

metrology used to measure the modulus of ultrathin glassy films.41–43
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2.3 Experimental Methods

Figure 2.1a illustrates the multilayer sample geometry assembled for the fluores-

cence measurements that places a 10-15 nm thick pyrene-labeled PS probe layer (Mw

= 672 kg/mol, Mw/Mn = 1.3, 1.4 mol% pyrene69,70,72,113) at a known distance z

from the PS/PDMS interface by changing the thickness z of a neat PS (Mw = 1920

kg/mol, Mw/Mn = 1.26) spacer layer between the underlying PDMS and pyrene-

probe layer. An additional thick (>500 nm) neat PS layer is placed atop the probe

layer to eliminate Tg shifts caused by the free surface. Layer thicknesses were mea-

sured using ellipsometry.84 By assembling samples with different z-layer thicknesses,

the local Tg(z) value can be mapped out as a function of distance from the PS/PDMS

interface. We ensure that the PS/PDMS interface is annealed to equilibrium by first

assembling the z-spacer layer atop the PDMS and annealing these two layers for 90

min at 140 ◦C before adding the remaining layers. The entire multilayer stack is fur-

ther annealed for 20 min at 120 ◦C immediately prior to the start of the fluorescence

measurements to ensure thermal history has been erased, and to consolidate all the

layers into a continuous material while still maintaining the morphology of the as-

sembled structure shown in Figure 2.1a.69 High molecular weight polymers have been

used to limit the diffusion of the pyrene-labeled probe layer and keep it localized at

the position z by making the reptation time longer than the measurement time.15,69

PDMS layers (50–180 µm thick) were made from Sylgard 184 (Dow Corning) where

the base to cross-linker ratio was varied from 6:1 to 17:1 by weight and cured at 70

◦C for 2 h following Refs.42,45. The same Tg(z) values were also obtained for samples

with 2 µm thick PDMS layers formed by spin-coating, prior to curing under the same

conditions. Thus, the measured Tg(z) values are independent of the thickness of the

PDMS layer. Further experimental details are provided in the Appendix along with

various control measurements.
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Figure 2.1: (a) Schematic of sample geometry assembled to place the 10-15 nm thick
pyrene-labelled PS (PS-Py) probe layer at a distance z from the PS/PDMS interface
by varying the thickness z of the neat PS spacer layer. (b) Temperature dependence
of fluorescence intensity of PS-probe layer at z = 50 nm for all three samples of
varying PDMS cross-link density: Tg(z = 50 nm) = 48± 2 ◦C (17:1), 81± 2 ◦C (9:1),
and 95± 2 ◦C (6:1).

2.4 Results and Discussion

Fluorescence measurements to determine the local Tg(z) were done on cooling at

1 ◦C/min by monitoring the pyrene emission intensity at a wavelength of 379 nm

for 3 s every 27 s, exciting at a wavelength of 330 nm.82 The temperature depen-

dence of the fluorescence intensity is shown in Figure 2.1b for three representative
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samples with varying PDMS cross-link densities, where the pyrene probe layer has

been placed at a distance z = 50 nm. Following previous works,15,69,70,72,73,82 the

glass transition temperature Tg(z) is determined from the intersection of linear fits

to the data above and below the transition. It is well known that pyrene fluores-

cence is extremely sensitive to the local environment’s polarity, density, and rigidity,

where the temperature dependence of the fluorescence intensity of pyrene within a

polymer matrix reflects changes in the quantum yield of the dye due to the local

rigidity of the surrounding matrix that is influenced by the polymer’s thermal ex-

pansivity.78,79,81 As established by Torkelson and co-workers,15,81 the Tg values from

fluorescence agree well with ellipsometry and differential scanning calorimetry (DSC)

for bulk samples. For the intensity vs. temperature curves shown in Figure 2.1b, the

glass transition temperatures for these three samples are Tg(z = 51 nm) = 95± 2 ◦C

for PDMS with 6:1 base to cross-linker ratio, Tg(z = 53 nm) = 81± 2 ◦C for 9:1, and

Tg(z = 51 nm) = 48 ± 2 ◦C for 17:1. These data demonstrate that the local Tg(z)

of PS at z = 50 nm is strongly reduced relative to the bulk Tg value for PS of T bulk
g

= 101.5± 2.0 ◦C and extremely sensitive to the properties of the neighboring PDMS

layer, with the Tg(z = 50 nm) values shifting by approximately 45 K as the PDMS

base to cross-linker ratio is varied from 6:1 to 17:1.

The PDMS underlayers were fabricating using Dow Corning’s Sylgard 184 elas-

tomer kit by mixing the base prepolymer with the curing agent at different ratios n

to create PDMS with different cross-link densities. Sylgard 184 has frequently been

used in this manner with several groups characterizing the resulting modulus.45,114–117

In Figure 2.2, we plot the Young’s modulus E as a function of base to cross-linker

ratio n measured by these various studies that used comparable curing conditions

to our own, 70 ◦C for 2 h. Remarkable consistency is found for the measurements

of Young’s modulus E(n) using a range of different methods: tensile,45,114 compres-

sion,115 indentation,116 dynamic mechanical analysis (DMA),117 and buckling-based
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Figure 2.2: PDMS Young’s modulus E for Sylgard 184 as a function of base to cross-
linker ratio n measured using different methods as compiled from literature: Wilder
et al.,45 Glover et al.,114 Carrillo et al.,115 Trappmann et al.,116 and Tiwari et al.117

Glover et al.’s data marked as X-diamonds represent samples washed in good solvent
to extract unreacted small molecules.

metrology.45 We find these E(n) data are well described by an exponential decay

E(n) = E0 exp

(
− n

n0

)
(in MPa), (2.1)

where E0 = 4.73± 0.36 MPa and n0 = 10.16± 0.67.

Equation 2.1 gives values for the PDMS modulus of E = 0.89±0.12 MPa for 17:1,

E = 1.95±0.19 MPa for 9:1, and E = 2.62±0.22 MPa for 6:1. For the data shown in

Figure 2.1, this implies that a change of the PDMS modulus by nearly a factor of three

generated an approximately 45 K shift in the local Tg in PS at a distance of z ≈ 50

nm from the PS/PDMS interface. We explore this trend more fully in Figure 2.3

by plotting the local Tg(z = 50 nm) as a function of PDMS modulus for a range

of different samples, using eq. 2.1 to determine E for the given base to cross-linker

ratio n used. The trend in Tg(z = 50 nm) with E appears linear, showing a large

decrease in Tg(z = 50 nm) of more than 20 ◦C/MPa with decreasing PDMS modulus
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in the range of E = 0.9–2.6 MPa, suggesting that the modulus of the neighboring

domain is a dominant factor influencing the properties of PS. Interestingly, the value

of Tg(z = 50 nm) for the 6:1 ratio, when the PDMS modulus is still only E = 2.6

MPa, is already at 90.7± 3.3 ◦C, close to the bulk value for PS of T bulk
g = 101.5± 2.0

◦C. For comparison, if we perform the same local Tg(z = 50 nm) measurement in PS

when the underlying material is silica (a material with a modulus118 of ≈ 75 GPa), we

obtain a local Tg(z = 50 nm) = 101.7± 1.5 ◦C as shown in Figure 2.3, equivalent to

T bulk
g as expected given that PS/silica is known to be a neutral interface not impacting

the local Tg as measured by fluorescence.15,72,109 However, a comparison between the

PS/PDMS system, where interdiffusion of the two polymers has been allowed to occur,

with the PS/silica interface, where no such interdiffusion is possible, may not be the

most pertinent.

Figure 2.3: Local Tg(z) in PS at a fixed distance of z = 50 nm from the PS/PDMS in-
terface as a function of PDMS Young’s modulus E, based on eq. (2.1). Representative
horizontal error bars denote the uncertainty in E, while the symbol size indicates the
vertical uncertainty of ±2 ◦C in any given Tg measurement. The X-diamond symbols
correspond to samples where the PDMS was washed in toluene, a good solvent, to
extract unreacted small molecules. Grey diamonds at 75 GPa are Tg(z = 50 nm) for
PS supported on silica with the horizontal dotted line corresponding to T bulk

g .



33

In our group’s 2017 study,70 we learned that the interaction between the two poly-

mer domains that creates the broad Tg(z) profile only occurs upon annealing of the

dissimilar polymer-polymer interface to equilibrium. Local interpenetration of the

two polymer domains at the interface is key to creating this coupling of dynamics

that impacts the local properties over an extended distance from the interface. In

follow-up work, we were able to show that chain connectivity plays a dominant role

in this behavior,72 while interface roughness has little to no impact.109 However, it

is worth noting that although chain connectivity across the interface itself seems to

be important to at least create interfacial breadth, we are observing significant shifts

in local Tg(z) at distances z sufficiently far away from the interface that no indi-

vidual chain can span the distance. Shown in the Appendix, we demonstrate how

the Tg(z = 50 nm) decrease develops upon annealing of the PS/PDMS interface at

140 ◦C, requiring 60–90 min to reach equilibrium. All Tg(z) measurements shown

in Figures 2.1, 2.3, and 2.4 are for samples where the PS/PDMS interface was an-

nealed for 90 min at 140 ◦C to ensure equilibrium was reached. In the buckling-based

metrology method used to measure the elastic modulus of PDMS in Figure 2.2,45

bilayer films of glassy PS atop rubbery PDMS are formed at room temperature by

stretching the PDMS layer prior to placing the glassy PS layer on top. Upon re-

lease of this initial strain, the PDMS layer contracts and the glassy PS layer buckles

with an undulation wavelength that depends on the modulus of both layers.41,42,45 In

this measurement, because the PS/PDMS bilayer film is never heated above room

temperature, there will be little to no interpenetration between the two polymer do-

mains. Thus, we would not expect local Tg(z) changes near the PS/PDMS interface,

and would anticipate the PDMS modulus to be equivalent to bulk measurements as

shown in Figure 2.2. Interestingly, Vogt and coworkers have correlated a softening of

the top glassy layer measured using the buckling-based metrology method as the Tg of

the glassy layer is approached.38,44 Forrest and Dalnoki-Veress have shown that some



34

limited interdiffusion can occur at glassy-rubbery interfaces below the Tg of the glassy

polymer.119 Thus, it is possible that as the glassy Tg is approached from below, some

limited interdiffusion is occurring at the glassy-rubbery interface between the glassy

polymer layer and the underlying PDMS in the buckling-based metrology, resulting

in an additional source of softening for the glassy layer.

One of the concerns with using the commercial Sylgard 184 elastomer kit is that

the base and curing parts also contain additional components such as a catalyst,

an inhibitor, solvent diluents, and silica filler (according to the product safety data

sheets),120,121 which could affect the PDMS material formed. In addition, curing the

material at a different base to cross-linker ratio from the recommended 10:1 ratio can

result in unreacted small molecules still being present in the PDMS material after

curing. This has been reported to be especially pronounced for n > 30, but for the

range of 6 ≤ n ≤ 17 used in our study, the percentage of unreacted mass is only

∼4–8 %.114,121 Washing of the PDMS with a good solvent like toluene or heptane to

swell the PDMS elastomer can be used to extract this unreacted material and other

free small molecules.114,120,121 Glover et al.114 compared the modulus E(n) of Sylgard

184 PDMS before and after solvent washing to extract unreacted material and found

only a very small difference in the modulus E for the range of n’s shown in Figure 2.2

(their washed E(n) values are denoted with X-diamond symbols). Perhaps a bigger

concern for our Tg(z) measurements is that such free small molecules could migrate

to the surface of PDMS and across to the PS domain, possibly causing plasticization

of the material. We have verified that this concern is not impacting the measured

Tg(z) values by washing our PDMS samples in toluene to remove such unreacted free

material and confirmed that we obtain the same Tg(z) values pre- and post-extraction.

We show these measured Tg(z) values for samples where the PDMS layer has been

washed in Figure 2.3 with X-diamond symbols. Thus, we have ensured that the

reduction in local Tg(z) near the PS/PDMS interface is not caused by plasticization,
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which is consistent with our earlier publication where we also demonstrated that

the local Tg(z) profiles reported were not caused by plasticization from some low

molecular weight component.73

Figure 2.4: Local Tg(z) profile within PS as a function of distance z from the
PS/PDMS interface for PDMS with three different cross-link densities (moduli). PS
T bulk

g is recovered at z ≈ 65–90 nm. Data marked with an X denote samples where
the cured PDMS was solvent washed to remove any unreacted monomer or impu-
rities. Symbol size represents the ±2 ◦C uncertainty associated with any given Tg

measurement.

In Figure 2.4, we plot the Tg(z) profile within PS next to PDMS with varying

cross-link densities: 6:1 (E = 2.62 MPa), 9:1 (E = 1.95 MPa), and 17:1 (E = 0.89

MPa). As the pyrene-labeled PS layer, where the local Tg(z) is measured, is moved

closer to the PS/PDMS interface by decreasing the thickness of the neat PS z-layer

(see Figure 2.1a), the local Tg(z) decreases in an apparent linear fashion by tens of

degrees Celsius from T bulk
g for PS, with an ≈40 K larger Tg(z) decrease for the softer

PDMS underlayers. The distance z ≈ 65–90 nm from the PS/PDMS interface at

which T bulk
g is recovered is significantly shorter than the z ≈ 225–250 nm observed

previously for soft underlayers by Baglay et al.69,70 for a series of weakly immiscible
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polymer pairs with interfacial widths wI = 5–7 nm. We believe this difference is likely

due to the greater immiscibility of PS/PDMS, whose interaction parameter χ is an

order of magnitude larger than the weakly immiscible systems studied previously,

such that the interfacial width wI ∼ χ−1/2 for the PS/PDMS system would be much

smaller. For PS/PDMS, we estimate the interfacial width wI = 2b√
6χ
≈ 1.5 nm from

the interaction parameter60 χ = 0.17 at 140 ◦C where the PS/PDMS interface is

annealed to equilibrium (b is the statistical segment length) for a composition profile

φ(z) = 1
2

[
1 + tanh

(
2z
wI

)]
. Supporting this conclusion is the recent theoretical work

by Mirigian and Schweizer that demonstrated an approximate doubling of the length

scale in interface perturbations by incorporating a larger, more realistic interfacial

width for a polymer–air interface compared to the infinitely narrow, step-function

interface most commonly employed by theoretical works.74 Unfortunately, theoretical

difficulties and limited computational power make the modeling of polymer-polymer

systems with large interfacial widths challenging.17

Theoretical efforts aimed at understanding Tg perturbations near interfaces have

suggested that local elastic stiffness34,35,88 or rigidity of the neighboring domain cor-

related with the Debye-Waller factor77,110 may be strong controlling parameters for

affecting local α-relaxations. These efforts would suggest that the high-frequency,

glassy shear modulus G(ω) would then be the relevant property for correlating with

local Tg(z) shifts. However, varying the cross-link ratio of PDMS changes the zero-

frequency, rubbery modulus of the elastomer, not the high-frequency glassy response.

Tiwari et al.117 showed using DMA that while the low-frequency elastomeric response

changed with base-to-cross-linker ratio as shown in Figure 2.2, the high frequency

glassy Young’s modulus E(ω) was the same for ratios of 10:1, 20:1, and 30:1, as

would be expected for this level of cross-linking.
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2.5 Conclusions

The most puzzling aspect of these Tg(z) results is the enormous 40 K change

in local Tg occurring within the PS domain for such a small change in underlying

PDMS modulus, varying only from 0.9–2.6 MPa. From existing literature studies

we know there are limitations over which we can extrapolate the modulus-dependent

data shown in Figure 2.3. As already mentioned, the PS/silica system with GPa

underlayer modulus reports T bulk
g .15,72,109 However, even at the opposite extreme of

PS films floating on top of liquid glycerol, the Tg(h) behavior has been reported to

be identical to PS on silica.85,86 If both extremely hard (GPa) and extremely soft

(liquid) underlayers report no Tg perturbation from the underlying interface, how

is it that intermediate (MPa) underlayers cause such a large shift in local Tg(z)?

One immediate difference is that both the PS/silica and PS/glycerol systems have

sharp interfaces with widths ∼0.5 nm only. We have already identified that the large

Tg(z) profiles require a broad, well-interpenetrated interface. However, this does not

address why PDMS modulus values within the MPa range would be the region to

impart such large shifts in local Tg(z). The pyrene dye identifies Tg on cooling as the

temperature at which the local polymer matrix falls out of equilibrium as it passes

from its rubbery plateau modulus (ER = 0.6 MPa for PS7) through the glass transition

to its glassy modulus (EG = 3.2 GPa122), which might reasonably occur when the

PS modulus is of order a few to tens of MPa, a value comparable to that of the

underlying PDMS. In an earlier publication,82 we introduced the idea that perhaps

the coupling of local mobility across interfaces behaves in a manner analogous to

impedance matching. In contrast to a sharp interface that would cause reflection of

density waves (phonon modes), a sufficiently broad interface with also some amount

of similarity in the mechanical properties on either side of the interface (e.g., density

and modulus of the material that would impact the velocity of such acoustic waves)

would allow for transmission of such waves across the interface changing the boundary
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conditions of phonon mode propagation throughout the material. How exactly such a

change in phonon mode propagation translates into the measured local Tg(z) profiles

is not quite clear at this point, but certainly much has been said in the literature

associating phonon modes, so-called “soft spots”, and α-relaxations.123,124 Further

work along these lines is underway.

2.6 Appendix

Sample Preparation

High molecular weight pyrene-labeled polystyrene (PS-Py) with 1.4 mol% pyrene

(Mw = 672 kg/mol, Mw/Mn = 1.3) was synthesized using free radical copolymer-

ization of styrene with 1-pyrenylbutyl methacrylate at 50 ◦C for 24 h under a ni-

trogen environment using azobisisobutyronitrile (AIBN) as initiator as described in

Refs.69,113. Unlabeled (neat) polystyrene (PS) (Mw = 1920 kg/mol, Mw/Mn = 1.26)

was purchased from Pressure Chemical and used as received. The polydimethyl-

siloxane (PDMS) layers were made from Dow Corning’s Sylgard 184 elastomer kit.

Cross-linked PDMS of varying modulus was made by mixing the base prepolymer

with the curing agent at different ratios n:1 between 6:1 and 17:1 by weight. The

mixture was stirred with a metal spatula for 30 s and then left to sit for 30 min to

remove air bubbles introduced during mixing. The PDMS mixture was then poured

into a mold formed between two glass microscope slides separated by an aluminum

foil spacer of thickness 200–215 µm with a rectangular opening of 1.5 cm × 4 cm.

A Teflon sheet was added between the top of the PDMS sample and the upper glass

slide for ease of opening the mold after the PDMS was cured. Binder clips were placed

on all four sides to secure the mold. Curing of the PDMS was done in an oven at 70

◦C for 2 h to match the curing conditions of Refs.42,45. After curing, a scalpel was
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used to slice a 1.5 cm × 1.5 cm square section of the PDMS layer and place it onto

the quartz slide used for fluorescence measurements. PDMS layer thicknesses ranged

between 50 µm and 180 µm, as measured by a micrometer. Much thinner PDMS

layers were also made by spin-coating the PDMS mixture prior to curing resulting

in thicknesses of only 2 µm, as measured by ellipsometry. The local Tg(z = 50 nm)

values within PS were the same for spin-coated PDMS underlayers as for the mold

cast PDMS, demonstrating that the measured Tg(z) profile is independent of PDMS

layer thickness within this range of 2–180 µm.

Figure 2.5 illustrates the individual layers and steps used to construct the multi-

layer sample geometry used. PS and PS-Py layers were made by spin-coating films

from toluene solutions onto freshly-cleaved mica, varying spin speed and solution

concentration to obtain films of the desired thicknesses. All PS and PS-Py layers

were annealed individually on mica at 120 ◦C under vacuum for a minimum of 14 h

to remove residual solvent and release any stresses imparted during the spin-coating

process. Multilayer samples were then assembled by floating the individual films onto

room temperature deionized water and capturing the layers from below with the por-

tion of the sample already assembled. Between each floating step, the sample was

allowed to thoroughly dry under an incandescent lamp. The top bulk PS layers were

made >500 nm thick to ensure that the PS-Py layer would be unaffected by free

surface effects. Annealing of the layers to create a consolidated sample with no air

gaps was done in two stages to ensure that equilibrium chain interpenetration across

the PS/PDMS interface was obtained, while minimizing interdiffusion of the PS-Py

probe layer.69,70 As shown in Figure 2.5, the PS z- and PDMS layers were first an-

nealed separately at 140 ◦C for 1.5 h, prior to floating the PS-Py and bulk PS layers

on top. A final annealing step at 120 ◦C for 20 min was then done immediately prior

to the start of the fluorescence measurements.
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Figure 2.5: Schematic illustrating sample preparation steps. In the first annealing
step, the PS z-layer and PDMS underlayer are annealed at 140 ◦C for 1.5 h to ensure
this dissimilar polymer-polymer interface is annealed to equilibrium. The remaining
PS-Py probe and bulk PS layers are then added, with a final annealing step of 20
min at 120 ◦C done prior to the start of the fluorescence measurements to consolidate
all the layers into a single material with no air gaps, while keeping the PS-Py probe
layer localized at a position z from the PS/PDMS interface.

Ellipsometry and Fluorescence Details

Layer thicknesses were determined using a variable angle spectroscopic ellipsome-

ter with rotating compensator (J.A. Woollam M-2000). The amplitude ratio Ψ(λ)

and phase shift ∆(λ) of the ratio of p- to s-polarized light Fresnel reflection coeffi-

cients were measured at three angles of incidence, 55◦, 60◦, and 65◦, for wavelengths

λ spanning 400–1000 nm. The film thickness h and wavelength-dependent index of
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refraction n(λ) of the polymer layer were determined by fitting the Ψ(λ) and ∆(λ)

data using Woollam’s WVASE software to an optical layer model composed of a trans-

parent Cauchy layer n(λ) = A + B
λ2

+ C
λ4

for the polymer film, and a 2.0 nm native

oxide layer atop a semi-infinite silicon substrate.84 For the 2 µm thick PDMS films,

an additional thickness non-uniformity parameter, typically between 3% and 7%, was

modeled in the CompleteEASE software. PDMS Cauchy parameter values obtained

were A = 1.406, B = 0.00251 µm2, and C = 0.00016 µm4, in good agreement with

values reported in the literature.125

Fluorescence measurements were done using a Photon Technology International

QuantaMaster spectrofluorometer following the protocol outlined in Refs.69,70,82. Sam-

ples were placed in a Peltier-cooled Instec TS62 heat stage with dry nitrogen gas

continuously flowed through the chamber at 1.1 L/min to prevent condensation of

moisture below room temperature. The pyrene dye was excited at a wavelength of

330 nm using a xenon arc lamp with an excitation band-pass of 5.5-6.0 nm and an

emission band-pass of 5.0 nm. Fluorescence measurements were initiated by heating

the sample to the starting temperature, typically 120 ◦C, and equilibrating the sam-

ple for 20 min as the final annealing step. While cooling the sample at 1 ◦C/min, the

fluorescence intensity of pyrene was monitored at an emission wavelength of 379 nm

for 3 s every 27 s, as described previously.82 At the end of each measurement run, the

sample was reheated to the starting temperature to ensure that the same emission

intensity was obtain at 120 ◦C, verifying that photobleaching was negligible and the

sample had remained stable.

The Tg value for a given run was determined from the change in slope of the

fluorescence intensity I with temperature T by performing linear fits to the I(T )

data above and below the transition, and then identifying the temperature at which

the two linear fits intersected. Figure 2.6 shows three such intensity vs. temperature

curves for the 9:1 PDMS cross-link ratio for samples with the pyrene-labeled layer
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Figure 2.6: Temperature dependent fluorescence intensity measured for three different
PS/PDMS multilayer samples with the 9:1 PDMS cross-link ratio where the pyrene-
labeled layer was placed at varying distances z from the PS/PDMS interface resulting
in local Tg(z) values measured within the PS domain of Tg(z = 146 nm) = 99 ◦C
(equivalent to T bulk

g ), Tg(z = 53 nm) = 81 ◦C, and Tg(z = 33 nm) = 68 ◦C.

placed at different distances from the PS/PDMS interface: z = 33, 53, 146 nm. The

data ranges for the linear fits were chosen to begin at a minimum of 5 ◦C from the

transition temperature and to include the largest amount of data, while maximizing

the R2 value for the fits. In Figure 2.6, the measured Tg(z) values systematically

decreased with decreasing z as the PS/PDMS interface was approached, with T bulk
g

being recovered sufficiently far (z ≥ 100 nm) from the interface. As in our previous

fluorescence studies of the local Tg(z) as a function of position from an interface, only

a single Tg value was found for a given z value no matter how wide the temperature

range investigated.69,70,72,73 As initially demonstrated by Ellison and Torkelson,15 the

change in pyrene fluorescence intensity with temperature is sensitive to the stiffness

(thermal expansion) of the surrounding polymer matrix, where the Tg values measured

by fluorescence for polymer films of a given thickness h are in excellent agreement

with Tg(h) values measured by ellipsometry, as well as onset Tg values measured
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by differential scanning calorimetry (DSC) for thick (bulk) films.81 The bulk glass

transition temperature T bulk
g = 101.5 ± 2.0 ◦C shown as horizontal dotted lines in

Figures 2.3 and 2.4 were determined from the average of local Tg(z) values with

z ≥ 100 nm.

Effect of Annealing on Local Tg(z) Profile Between

PS and PDMS

Figure 2.7: Local Tg(z = 50 nm) − T bulk
g as a function of annealing time at 140 ◦C of

the PS/PDMS interface (first annealing stage). Solid blue circles are for samples made
with 9:1 PDMS, while the solid red triangles are for samples made with 6:1 PDMS.
The dashed curve is an exponential decay fit to the 9:1 data. The Tg(z = 50 nm) value
stabilizes after 60–90 min of annealing as the PS/PDMS interface reaches equilibrium.

From our 2017 study on weakly immiscible polymers,70 we learned that the broad

Tg(z) profile showing dynamical coupling across dissimilar polymer domains only

develops upon annealing of the dissimilar polymer-polymer interface to equilibrium.

To determine the annealing conditions necessary to obtain an equilibrium PS/PDMS

interface, measurements of the local Tg(z = 50 nm) were done on samples where the
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annealing time of the first annealing step at 140 ◦C (see Figure 2.5) was increased

from 20 to 210 min. Figure 2.7 shows how the local Tg(z = 50 nm), relative to T bulk
g ,

decreases upon annealing of the PS/PDMS interface, stabilizing after 60–90 min as

the PS/PDMS interface reaches equilibrium. Data shown are for samples made with

either 9:1 or 6:1 PDMS cross-linking ratios. From these results we concluded that 90

min of annealing at 140 ◦C during the first annealing step of the sample assembly

process shown in Figure 2.5 is sufficient and necessary to obtain reproducible and

reliable Tg(z) values for the PS/PDMS samples.

Calculation for the Interfacial Width between PS

and PDMS Films Annealed to Equilibrium

We estimate the equilibrium interfacial width wI attained between PS and PDMS

annealed at 140 ◦C based on values of the interaction parameter χ from the literature

evaluated at 140 ◦C. From values tabulated by Eitouni and Balsara in Mark’s Physical

Properties of Polymers Handbook,60

χ(T ) = A+
B

T
(2.2)

for PS/PDMS with A = 0.031 and B = 58 K based on measurements from 165–225 ◦C

of the order-disorder-transition temperature (TODT) for block copolymers by Ref. [126],

where values have been adjusted by Eitouni and Balsara to account for a common ref-

erence volume. Based on eq. 2.2 with a minor temperature extrapolation, χ(T ) = 0.17

at 140 ◦C. The interfacial width wI for two high molecular weight polymers with sim-

ilar statistical segment lengths b and densities is given by63

wI =
2b√
6χ
, (2.3)
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for a composition profile

φ(z) =
1

2

[
1 + tanh

(
2z

wI

)]
. (2.4)

Taking the average of the statistical segment lengths for PS and PDMS,7 bPS =

0.67 nm and bPDMS = 0.58 nm, eq. 2.3 gives wI = 1.24 nm. Such calculations of

interfacial widths based on χ parameters often provide underestimates of wI compared

with experimentally measured values because real polymer-polymer interfaces are also

broadened by interface roughening associated with capillary waves63. We note that

the light cross-linking of the PDMS elastomer may also result in minor differences

to the interfacial width. Based on these considerations, we estimate the PS/PDMS

interfacial width as wI ≈ 1.5 nm.

Measurements To Ensure that Migration of Unre-

acted PDMS Monomer Across the Interface Does

Not Alter Tg(z) of PS

To ensure that our Tg(z) results were not influenced by any unreacted PDMS

material migrating from the PDMS to the PS domain, we also performed Tg(z) mea-

surements for samples where the PDMS layers underwent a washing procedure of

soaking the PDMS in good solvent to remove unreacted material.114,120,121 PDMS

strips with masses between 5–10 mg and thicknesses between 50–200 µm were soaked

for 24 h in 200 mL of toluene, a good solvent for PDMS. The strips were then degassed

and reweighed to determine the mass lost, where we also verified that further washing

did not result in additional mass loss. The resulting gel fraction, corresponding to the

amount of polymer participating in the network, was determined from the ratio of the

mass measured post- and pre-soaking mpost

mpre
.127 In Figure 2.8 we plot our measured gel
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Figure 2.8: Gel fraction mpost

mpre
determined from measurements of the mass lost after

Sylgard 184 PDMS was soaked in toluene, a good solvent, for 24 h. Data from
Ref. [121] using Soxhlet extraction are also shown. Good agreement is observed with
mass losses of 2%–10% for the base:cross-linker range of 6:1–17:1 used in this study.

fraction values together with those from Melillo,121 where the removal of unreacted

material from Sylgard 184 PDMS was done via Soxhlet extraction with toluene over

24 h on PDMS that had been cured at 70 ◦C for 24 h. Our measured gel fractions

ranged from 0.90 to 0.98 for PDMS made with ratios of 17:1, 9:1, and 6:1, in good

agreement with those from Ref. [121]. Using dynamic mechanical analysis (DMA),

Melillo reported no change in the storage and loss moduli between the pre- and post-

extracted PDMS for the base:cross-linker range of 6:1–17:1 used in our study.121 As

shown in Figures 2.3 and 2.4 denoted with X-symbols, the measured Tg(z) values were

the same for samples where the PDMS had been soaked in good solvent to remove

unreacted material.
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Chapter 3

Physically Intuitive Continuum

Mechanics Model for Quartz

Crystal Microbalance:

Viscoelasticity of Rubbery

Polymers at MHz Frequencies

3.1 Synopsis

Employing a quartz crystal microbalance (QCM) as a MHz-viscoelastic sensor

requires extracting information from higher harmonics beyond the Sauerbrey limit,

which can be problematic for rubbery polymer films that are highly dissipative be-

cause of the onset of anharmonic side bands and film resonance. Data analysis for

QCM can frequently obscure the underlying physics or involve approximations that

tend to break down at higher harmonics. In this study, modern computational tools

are leveraged to solve a continuum physics model for the QCM’s acoustic shear wave
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propagation through a polymer film with zero approximations, retaining the phys-

ical intuition of how the experimental signal connects to the shear modulus of the

material. The resulting set of three coupled equations are solved numerically to fit

experimental data for the resonance frequency ∆fn and dissipation ∆Γn shifts as a

function of harmonic number n, over an extended harmonic range approaching film

resonance. This allows the frequency-dependent modulus of polymer films at MHz

frequencies, modeled as linear on a log-log scale, to be determined for rubbery polybu-

tadiene (PB) and polydimethylsiloxane (PDMS) films, showing excellent agreement

with time-temperature shifted rheometry data from the literature.

3.2 Introduction

Quartz crystal microbalances (QCMs), though originally employed primarily as

mass sensors, are increasingly being used to measure the MHz-frequency viscoelastic

properties of a wide range of polymer film and brush systems in the nm–µm thickness

range.128–149 The viscoelastic properties of these systems at such high frequencies

are important for sound damping and acoustic impedance matching applications at

ultrasonic frequencies where rubbery polymer films near their glass transition regime

exhibit high loss.150–152 To access such viscoelastic properties of materials via QCM,

one needs to go beyond the well known Sauerbrey region at low harmonic numbers

that is primarily sensitive to only the mass added to the QCM sensor.

At low harmonic numbers n, the frequency shift ∆fn of the QCM resonance is

given by the Sauerbrey equation:129,153

∆fSauerbrey
n

f0

= −2 f0

Zq

(ρ h)n, (3.1)

where for a film of thickness h and density ρ, (ρh) is the mass per unit area of the

film placed on the sensor. The fundamental frequency f0 at n = 1 and the acoustic
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impedance Zq are both properties of the quartz sensor being used. To access the film’s

viscoelastic properties, QCM measurements must be conducted at higher harmonics

beyond the linear n-dependence of the Sauerbrey regime, as well as incorporating

dissipation data, related to the bandwidth of the resonance. Going to higher harmonic

numbers n, however, can be problematic, especially for more dissipative systems like

rubbery polymers where the emergence of anharmonic side bands and the onset of

film resonance occur at lower harmonics, imposing limits on the maximum frequency

accessible. Film resonance occurs when the formation of standing acoustic waves in

the film result in large amplitude oscillations.129,139 Standard QCM analysis methods

typically simplify equations to facilitate analytical solutions,89 but this can further

limit the maximum harmonic number accessible. As such, more recent methods favor

numerical solutions to equations with fewer approximations.128,129 As discussed by

the Shull group,136 the relevant quantity for evaluating deviations from the Sauerbrey

regime and determining the viability of viscoelastic measurements via QCM is the

ratio of the film thickness h to the wavelength of the shear wave λn:

h

λn
=

hfn
Re(c̃)

= h(nf0)

√
ρ

|G̃|
cos(φ/2) (3.2)

where the complex speed of sound in the material c̃ =

√
G̃/ρ depends on the film’s

complex modulus G̃ = G′+ iG′′ = |G̃| eiφ and density ρ. Values of h
λn

from 0.05−0.20

are found to provide the optimal range for viscoelastic measurements.136,139 Thus,

depending on the modulus of the material, the film thickness should ideally be chosen

to maximize the small window of accessible harmonics spanning from the end of the

Sauerbrey regime to the beginning of film resonance where QCM will be sensitive to

the film’s viscoelasticity.

To obtain the viscoelastic properties of a film, one of two approaches to QCM

modeling is typically used. The first approach, which dates back to the late 1990s
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and is the basis for the viscoelastic model in QCM-D systems, uses a continuum

mechanics analysis while treating the film layers as a Kelvin-Voigt material.130,154

The Kelvin-Voigt spring-dashpot model for a viscoelastic solid combines a spring

element Ĝ in parallel with a dashpot element η̂ resulting in a frequency-independent

storage modulus G′(f) = Ĝ and a loss modulus with a linear dependence on frequency

G′′(f) = 2πfη̂.89,130 Depending on the material in question, this generic frequency

dependence for a viscoelastic material can be inappropriate at the frequency range of

the QCM,89,128 as such recent methods typically incorporate a more general frequency

dependence in an extended Voigt model.128,130,155 The second approach treats the

load on the QCM using an acoustic multilayer formalism developed and refined from

the 1950s-1990s, where an equivalent circuit model is used to solve for the acoustic

impedance of the QCM-film system from which the viscoelastic properties of the film

can be extracted.156,157 Although powerful, this method can obscure the connection

between the underlying physics and the properties of the material being studied. The

book by Johannsmann,89 as well as several excellent reviews,128–130,157,158 provide a

useful summary of the history and range of systems studied with QCM operating

as a MHz-frequency rheometer. In addition to these more conventional methods of

QCM analysis, recent work by the Shull group has used an acoustic impedance-based

model to numerically fit the ratio of frequency and dissipation shifts measured at

two different harmonics to determine the viscoelastic modulus for a range of glassy

and rubbery polymers.128,134–137,139,140,159 This method is based on the Lu-Lewis160

equation that matches the load impedance Z̃L at the resonator’s surface with that

caused by the film at the quartz/film interface.128,129

With these modeling efforts in mind, two main challenges confront the QCM user

interested in investigating the viscoelastic properties of rubbery polymer films: to

maintain the underlying physics intuition of the QCM model, while not introducing

approximations that limit the frequency range of the measurement. In the present
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work, we leverage modern computational tools to numerically solve a physically intu-

itive continuum physics model for the shear wave propagation of the QCM’s acoustic

wave through the sample. This allows us to fit resonance frequency ∆fn and dissipa-

tion ∆Γn shifts over a range of harmonics n without any approximations to determine

the frequency dependent modulus G̃(ω) = G′(ω) + iG′′(ω). We apply this method to

rubbery films of polybutadiene (PB) and polydimethylsiloxane (PDMS), as well as

glassy polystyrene (PS), comparing the QCM measured MHz-frequency viscoelastic-

ity with time-temperature shifted rheometry data from the literature.

3.3 Experimental Methods

Polystyrene (PS) (Mw = 1920 kg/mol, Mw/Mn = 1.26) from Pressure Chemical

and polybutadiene (PB) (Mw = 375 kg/mol, Mw/Mn = 2.4; 36% cis 1,4; 55% trans

1,4; 9% vinyl 1,2, as specified by the supplier) from Scientific Polymer Products were

purchased and used as received. Both the PS and PB samples were spin-coated from

toluene solutions directly onto the QCM sensor, as well as silicon pieces for film

thickness determination by ellipsometry. Films were annealed under vacuum for a

minimum of 14 h after spin-coating at a temperature of 120 ◦C for PS (Tg ≈ 100

◦C) and 25 ◦C for PB (Tg ≈ −96 ◦C) to remove residual solvent and release stresses

developed during spin-coating. Polydimethylsiloxane (PDMS) films cross-linked at

a base to cross-linker ratio of 9:1 by mass were prepared using the Sylgard 184 kit

manufactured by Dow Corning. After mixing the base and cross-linking agent for ≈1

min, the PDMS mixture was diluted with heptane for spin-coating (at ≈30 wt% of

the PDMS mixture in heptane).90 PDMS films were then cured at 70 ◦C for 2 hours

to match the curing schedule of Refs.42,45,90.

Film thicknesses were determined by spin-coating films sequentially onto a silicon

wafer, the QCM sensor, and then another silicon wafer. Ellipsometry was used to
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provide an independent measure of the film thickness on the QCM sensor by averaging

the values obtained for the films on the silicon wafers. The thickness of the film on

the QCM sensor was also determined by fitting the frequency ∆fn and dissipation

∆Γn shifts to the continuum physics model, where good agreement was found with

the ellipsometry measurements.

Ellipsometry measurements were conducted using a J.A. Woollam M-2000 vari-

able angle spectroscopic ellipsometer with rotating compensator. The film thickness

h and index of refraction n(λ) for the polymer layer were determined by fitting the

amplitude Ψ(λ) and phase shift ∆(λ) ellipsometry data, corresponding to the com-

plex intensity ratio of p- to s-polarized light, collected at three angles of incidence

(55◦, 60◦, and 65◦) over the wavelength range λ spanning 400–1000 nm to an optical

layer model using Woollam’s CompleteEASE software. The optical layer model was

comprised of a transparent Cauchy layer n(λ) = A + B
λ2

+ C
λ4

for the polymer film,

atop a semi-infinite silicon substrate with a 1.25 nm native oxide layer.84 For ellipso-

metric modeling of spin-coated PDMS films, an additional thickness non-uniformity

parameter was included in the fit, with values typically between 3% and 7%.90

For the QCM measurements, AT-cut quartz sensors from Stanford Research Sys-

tems with a fundamental frequency f0 of 5 MHz were used. Individual resonance

peaks were collected with a vector network analyzer (Agilent 4395a) driving the sys-

tem at 0 dBm, corresponding to a power of 1 mW. The circuit diagram of how the

QCM sensor was connected to the network analyzer is given in Figure 3.1. All QCM

measurements were done at room temperature (25 ◦C). For rubbery PB and PDMS

films, full resonance traces were collected for a range of harmonics from n = 1 up to

n = 13. The maximum harmonic number n for each film was limited by the emer-

gence of anharmonic side peaks,89 as described in section 3.4.3. Additional control

measurements on glassy PS films were done where only the resonance frequencies fn

were measured for harmonics n =1–19.
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Figure 3.1: Circuit model for the QCM setup connected to the network analyzer.
The QCM sensor, holder, and associated cables are highlighted by the orange dashed
box. Their components consist of the motional branch elements Lm, Rm, and Cm in
parallel with the electrical parasitic impedance Z0. The network analyzer provides an
oscillating voltage and measures VA and VR at its ports, each of which passes through
a 50 Ω internal resistor to ground. A Pi-pad attenuator that includes resistors R1

and R2 separate VA and VR.

The measured resonance traces were fit to a nonlinear functional form determined

from an analysis of the QCM circuit to find the resonance frequency fn and dissipation

Γn at each harmonic. Figure 3.1 shows the circuit diagram of the QCM equivalent

circuit connected to the network analyzer with a Pi-pad attenuator consisting of

resistors R1 and R2. The QCM equivalent circuit, identified by the dashed box in

the figure, consists of a motional branch with values Lm, Rm, and Cm, describing

the mechanical properties of the QCM sensor. An additional electrical branch, with

a parasitic impedance Z0 is included to account for the parasitic capacitances of

the QCM’s electrodes and holder, and the parasitic capacitances and inductances of

the cables and connections used to connect the QCM to the network analyzer. The

voltages identified as VA and VR are measured at the ports of the network analyzer,

each of which passes through an internal resistance of 50 Ω to ground. The VA

and VR voltages themselves are separated by a Pasternack 50 Ω, −3 dBm, Pi-pad

attenuator, which was added to decrease the source power by half and to reduce

electronic reflections.

The data collected from the analyzer is in the form 20 log10

∣∣∣VAVR ∣∣∣. Solving for VA
VR

in the circuit diagram shown in Fig. 3.1 by adding impedances in series and parallel
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gives the following functional form for the attenuator signal:

20 log10

∣∣∣∣VAVR
∣∣∣∣ = + 10 log10

[
C2 +B2

n f
2 +

A2
n + 2CAn −BnAn(f 2 − f 2

n)/Γn
1 + (f 2 − f 2

n)2/(4Γ2
nf

2)

]
(3.3)

The parameter C = 1 + R2

(
1
R1

+ 1
50 Ω

)
= 1.41 since R1 = 292.4 Ω and R2 = 17.6 Ω.

The parameters An = R2

Rm
and Bn = 2πR2Z0 both change with harmonic number n

as the motional resistance Rm of the QCM sensor and the parasitic impedance of the

circuit Z0 vary with frequency. We additionally observed a non-zero background in the

network analyzer data, which we determined to be due primarily to electromagnetic

wave reflections in the cables and connections. This background is constant within

the small frequency range of an individual harmonic. We therefore added a constant

vertical offset term to eq. (3.3) to account for vertical shifts in the background at

each harmonic. This leaves us with five fitting parameters to fit the resonance peak,

where fn corresponds to the peak frequency and Γn the bandwidth, An corresponds

to the amplitude of the peak while Bn accounts for its asymmetry, and corrects for

any baseline offsets.

Figure 3.2 shows resonance peaks for a 250 nm thick PB film atop the QCM sensor

collected at harmonic numbers n = 3 (f3 = 3f0 = 15 MHz) and n = 9 (f9 = 9f0 = 45

MHz). Fits of eq. (3.3) to these resonance peaks give best fit parameter values of

f3 = 15.0169 MHz ±0.06 Hz and Γ3 = (69.21± 0.06) Hz, with A3 = 0.5162± 0.0003,

B3 = (−3.62 ± 0.06) × 10−9 Ω2, and = 0.0089 ± 0.0004 dBm for n = 3, and f9 =

45.0432 MHz ±0.3 Hz and Γ9 = (691.9 ± 0.3) Hz, with A9 = 0.04979 ± 0.00001,

B9 = (−3.44 ± 0.01) × 10−9 Ω2, and = (−0.0322 ± 0.0003) dBm for n = 9. Similar

resonance traces were collected from other samples and fit with eq. (3.3), where the

error associated with measuring any individual resonance peak was always smaller

than the sample-to-sample variability. For a given polymer film, the resonance peaks

collected at higher harmonics show a decreased peak amplitude An and increased
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peak width Γn caused by the increased viscous dissipation at higher frequencies.

When a polymer film is added to the QCM sensor, the motional branch elements

of the QCM are altered causing a shift in the resonance frequency fn = 1
2π
√
LmCm

and

dissipation Γn = Rm

4πLm
, relative to that of the bare quartz. To determine the shifts in

frequency ∆fn = ffilm+QCM
n −fbare QCM

n and dissipation ∆Γn = Γfilm+QCM
n −Γbare QCM

n ,
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Figure 3.2: Resonance peaks for a 250 nm thick PB film on a QCM sensor at the
n = 3 harmonic (a) and the n = 9 harmonic (b). The red curves represent fits of
eq. (3.3) to the data (black symbols), which are used to measure the frequency fn
and dissipation Γn for each resonance.
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measurements of the resonance peaks were collected for both the bare quartz initially

giving fbare QCM
n and Γbare QCM

n , and then the same quartz sensor with the film added

giving ffilm+QCM
n and Γfilm+QCM

n . These frequency and dissipation shifts, ∆fn and

∆Γn, between the film-loaded and bare quartz QCM sensors are the main parameters

we are interested in for the analysis with our continuum physics model.

3.4 Results and Discussion

3.4.1 Continuum physics model and numerical fitting

We present a continuum physics QCM model for a linear viscoelastic polymer

film with a complex, frequency dependent shear modulus G̃(ω) = G′(ω) + iG′′(ω)

that preserves the simple intuitive physics of the sample geometry and can be solved

numerically without any approximations using current scientific computer programs

such as Mathematica. This model is quantitatively equivalent to the more commonly

used Lu-Lewis equation that is also solved numerically,128,129 but physicists familiar

with continuum mechanics may find this derivation more intuitive. For a viscoelastic

film atop AT-cut quartz crystals, the QCM oscillation can be readily treated as a one-

dimensional shear wave propagating away from the QCM surface, as the thickness

shear mode in the plane of the film is dominant and compressional oscillations can

be ignored. This is commonly referred to as the parallel plate model, where energy

trapping considerations are ignored, see Ref. [129] for a more complete discussion.

Figure 3.3 illustrates our sample geometry with axes for the model, where we treat

the shear wave as propagating in the z-direction and oscillating in the y-direction.

The shear wave displacement in the ŷ-direction for the polymer film ~uf and quartz
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Figure 3.3: Layer geometry for the continuum physics model illustrating the one-
dimensional shear wave propagating from the QCM quartz surface into the polymer
film along the z-direction. A polymer film of thickness h, density ρ, and shear modulus
G̃(f) = G′(f) + iG′′(f) is placed atop the quartz resonator of thickness L, density ρq,
and shear modulus Gq.

crystal ~uq can be written as

~uf(z, t) = e−iω̃t
(
Af e

ik̃fz +Bf e
−ik̃fz

)
ŷ (film layer) (3.4)

~uq(z, t) = e−iω̃t
(
Aq e

ik̃qz +Bq e
−ik̃qz

)
ŷ (quartz layer) (3.5)

where k̃i = 2πf̃/c̃i is the complex wave vector, and Ai and Bi are the wave amplitudes

of the forward propagating and reflected waves, respectively.

The complex angular frequency ω̃ = 2πf̃ = 2π(fn + iΓn) contains the informa-

tion about the resonance frequency fn and dissipation Γn of the film+quartz system

at each harmonic number n. These resonance frequencies and dissipations of the

film+quartz system are defined in the model based on the bare quartz oscillation as

fn = nf0 + ∆fn and Γn = nΓ0 + ∆Γn, allowing us to directly extract the frequency

and dissipation shifts ∆fn and ∆Γn. These quantities will then be fit to the experi-

mentally determined values from the resonance traces, where ∆fn corresponds to the

shift in peak position and ∆Γn corresponds to the change in peak width relative to

that measured for the bare quartz.

The displacement in the polymer film for the transverse shear wave emanating



58

from the quartz surface will satisfy the wave equation for an incompressible material87

ρ
∂2~uf

∂t2
= G̃∇2~uf (3.6)

and similarly for the quartz layer. The speed for this shear wave is the transverse

speed of sound c̃ =
√

G̃
ρ

that depends on the material’s shear modulus and density.

Assuming Hooke’s law for the linear viscoelastic polymer film under small shear dis-

placement, the shear stress tensor for the continuous material under shear deformation

can be written as87

σyz = 2 G̃ Uyz, (3.7)

where Uyz is the yz component of the strain tensor

Uyz =
1

2

(
∂uz
∂y

+
∂uy
∂z

)
. (3.8)

For the AT-cut quartz sensor, the predominant oscillation is the thickness shear mode

that is traveling in the z-direction and polarized in the y-direction, allowing us to

neglect any compressional oscillation in the z-direction so that uz = 0. This simplifies

the strain and stress tensors to

Uyz =
1

2

∂uy
∂z

and σyz = G̃
∂uy
∂z

(3.9)

where uy = ~uf in the polymer film. Similar equations exist for the quartz layer where

uy = ~uq, and ρq and Gq are normally written in terms of the acoustic impedance

Zq =
√
ρqGq = 8.8× 109 g m−2 Hz for AT-cut quartz.89

To solve the system, we apply standard boundary conditions at the interfaces

between the layers. Continuity of displacement at the film/quartz interface (no-slip
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boundary condition) gives

uf(z, t)

∣∣∣∣
z=0

= uq(z, t)

∣∣∣∣
z=0

Af +Bf = Aq +Bq. (3.10)

Stress continuity (Newton’s third law) at the film/quartz interface gives

σf(z, t)

∣∣∣∣
z=0

= σq(z, t)

∣∣∣∣
z=0√

ρ G̃ (Af −Bf) = Zq (Aq −Bq), (3.11)

while the top film/air and bottom quartz/air interfaces will be stress free giving

σf(z, t)

∣∣∣∣
z=h

= 0

Af −Bf exp

[
−i4πh

√
ρ

G̃
(fn + iΓn)

]
= 0 (3.12)

and

σq(z, t)

∣∣∣∣
z=−L

= 0

Aq −Bq exp

[
i
2π

f0

(fn + iΓn)

]
= 0. (3.13)

For computational simplicity, we are ignoring the tiny stress contribution due to air

at these interfaces, which we estimate using Navier-Stokes to be less than a 0.03%

correction on the frequency shift. Note, eq. (3.13) was simplified by recognizing that

the thickness of the quartz crystal L = λ0
2

is related to the fundamental frequency

f0 = cq
λ0

such that L
cq

= 1
2f0

. This system of equations can then be further simplified

by using eq. (4.3) to eliminate one of the displacement amplitudes, which we did

to remove Af. In addition, we also normalized the remaining amplitudes by setting
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Aq = 1 nm.

The continuum physics model can only account for the frequency ∆fn and dis-

sipation ∆Γn shifts due to the presence of the polymer film relative to the idealized

bare quartz resonance of fn = nf0 with Γ0 = 0. As such eqs. (4.7) and (3.13) need

to be recast in terms of ∆fn = fn − nf0 and ∆Γn = Γn − Γ0 ≈ Γn by replacing

(fn + iΓn) = (nf0 + ∆fn + i∆Γn). Experimental factors associated with the circuit

cables and QCM sensor mounting that might impact the frequency and dissipation

measured in practice will be accounted for by determining the experimental frequency

∆fn and dissipation ∆Γn shifts relative to those measured directly for the bare quartz

at each resonance:

∆fn = ffilm+QCM
n − fbare QCM

n (3.14)

∆Γn = Γfilm+QCM
n − Γbare QCM

n (3.15)

Thus for the continuum physics model, this leaves us with a system of three

complex equations that can be solved numerically using standard root finding methods

to determine the complex frequency shift ∆f̃n = ∆fn+ i∆Γn for a given polymer film

of thickness h, density ρ, and a complex frequency-dependent shear modulus G̃(fn):

√
ρ G̃ (1 +Bq − 2Bf)− Zq (1−Bq) = 0 (3.16)

1 +Bq −Bf

(
1 + exp

[
−i4πh

√
ρ

G̃
(nf0 + ∆fn + i∆Γn)

])
= 0 (3.17)

1−Bq exp

[
i
2π

f0

(∆fn + i∆Γn)

]
= 0 (3.18)

To account for small variations in the fundamental frequency f0 based on the par-

ticular cut of a given QCM sensor, the value of f0 in the model is taken to be the

experimentally measured value for the bare quartz crystal prior to adding the polymer

film.
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For the set of three equations (3.16)–(3.18), the harmonic number n functions

as the independent variable, while ∆fn and ∆Γn are the dependent variables. A

chi-squared minimization fitting routine is used to minimize the deviation between

the experimentally measured ∆fn and ∆Γn values with those calculated numerically

solving eqs. (3.16)–(3.18) in Mathematica at each harmonic number n. The density of

the polymer film ρ is treated as a constant with values for each polymer determined

from the literature, leaving the polymer film thickness h and shear modulus G̃(fn) =

G′(fn) + iG′′(fn) as the fitting parameters to determine for each polymer film.

The chi-squared minimization was performed using the gradient-descent local

minimization routine FindMinimum in Mathematica, which executed a Levenberg-

Marquardt routine. As long as the initial guesses for the fit parameters were phys-

ically reasonable, the local minimum obtained matched a computationally longer

global minimization algorithm (NMinimize). The fitting errors for the best fit pa-

rameter values obtained were determined by calculating the maximum range of each

parameter along the χ2 distribution corresponding to one standard deviation (a 68.3%

confidence interval).

To account for the frequency-dependent viscoelastic nature of the polymer shear

modulus G̃(fn) = G′(fn) + iG′′(fn), while limiting the number of fitting parameters

needed, we take advantage of the narrow frequency range of the QCM (5 MHz to

65 MHz) and treat the frequency dependence as linear on a log modulus versus log

frequency scale. This type of simplification has been done by others previously.89,136

Given that fn = nf0 + ∆fn ≈ nf0, we can write

G′(fn) ≈ G′(n) = G′0 n
β′

(3.19)

G′′(fn) ≈ G′′(n) = G′′0 n
β′′

(3.20)
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which for log-log axes gives

log10G
′(n) = β′ log10 n+ log10G

′
0 (3.21)

log10G
′′(n) = β′′ log10 n+ log10G

′′
0 (3.22)

G′0 and G′′0 correspond to the values of the storage and loss modulus at the first

harmonic n = 1 (5 MHz). β′ and β′′ represent the slope of the storage and loss

modulus frequency dependence on a log-log scale within the QCM frequency range. To

minimize the number of fit parameters, we used time-temperature shifted rheological

data from the literature to determine β′ and β′′ for each rubbery polymer based on the

local slope of log10G
′ and log10G

′′ versus log10 f data in the QCM frequency range, as

described in sections 3.4.3 and 3.4.4. Thus, this leaves three fitting parameters, G′0,

G′′0, and h, for the continuum physics model to define the frequency and dissipation

shifts ∆fn and ∆Γn.

3.4.2 Continuum physics model applied to glassy polystyrene

films

As a simple test case, we begin by applying our continuum physics model to glassy

polystyrene (PS) films. At room temperature (25 ◦C), PS is well within its glassy

plateau region at MHz frequencies with negligible dissipation such that the shear

modulus of PS can be treated as simply a constant storage shear modulus G̃(f) = G′,

independent of frequency. Justification for this choice of analysis is included in the

Appendix, along with representative resonance traces for PS. Focusing on only the

frequency shifts ∆fn, resonance peaks were collected for a 1.37 µm thick PS film

at harmonic numbers n = 1 to 19. The resonance frequencies of the bare QCM

resonator were also measured at the same harmonic numbers n = 1 to 19 prior to

the polymer film being added to the QCM sensor. The resonance frequency shifts
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(a)

(b)

Figure 3.4: (a) Resonance frequency shifts ∆fn, normalized by the fundamental fre-
quency f0, measured by QCM at 25 ◦C over the harmonic range n = 1 to 19 (5 MHz
to 95 MHz) for a PS film with a thickness of 1.37 µm (orange circles). These data
were fit with our continuum physics model (blue curve) to determine the glassy shear
modulus G′ and film thickness h, giving G′ = 1.53±0.10 GPa and h = 1.37±0.01 µm.
The linear Sauerbrey region at low harmonics is indicated by the black dashed line,
which is a linear fit to the data for the first three harmonics n = 1, 3, 5. (b) Frequency
shifts ∆fn relative to the expected frequency shift from purely mass loading given by
the Sauerbrey equation ∆fSauerbrey

n , plotted as a function of harmonic number n for
the 1.37 µm thick PS film and a second 1.26 µm thick PS film (gray squares). The
continuum physics model fit (gray curve) to the data from this second sample give
best fit values of G′ = 1.83± 0.07 GPa and h = 1.265± 0.004 µm.
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were then defined as ∆fn = ffilm+QCM
n − fbare QCM

n . Figure 3.4a plots these ∆fn

values, normalized by the fundamental frequency f0 = 5 MHz of the bare quartz, as a

function of harmonic number n. To focus on the viscoelastic response of the film, we

subtract off the frequency shift expected for the Sauerbrey regime ∆fSauerbrey
n from

purely mass loading, plotting ∆fn − ∆fSauerbrey
n in Figure 3.4b. A second 1.26 µm

thick PS sample is also included.

Our continuum physics model presented in section 3.4.1 was used to fit these

experimental values of ∆fn as a function of harmonic number n to obtain the glassy

shear modulus for PS giving G′ = 1.53± 0.10 GPa and a film thickness of h = 1.37±

0.01 µm, assuming a constant density for PS of ρ = 1.04 g/cm3 obtained from the

literature.122 This film thickness value determined from fitting the QCM data to the

continuum physics model agrees well with the value of 1.33± 0.10 µm independently

determined by ellipsometry. Measurements were repeated for a 1.26 µm thick PS

film, where fits of the frequency shift ∆fn data gave best fit values of G′ = 1.83±0.07

GPa and h = 1.265± 0.004 µm. Both these QCM measurements on two separate PS

films show good reproducibility. The glassy shear modulus values measured for PS

with QCM over the frequency range of 5 MHz to 95 MHz agree well with literature

values for glassy PS storage modulus determined by QCM (G′ ≈ 1/J ′ = 1.7 GPa)133

and measurements of the shear wave speed at 1 MHz (G′ = ρ c2
s = 1.3 GPa and

1.4 GPa).161–163 The agreement between our data and the model’s fit, as well as the

agreement between our G′ values and those from the literature for glassy PS, verifies

that our QCM experimental setup and modeling accurately describe the frequency

response of a film with a glassy shear modulus on top of the QCM crystal.
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3.4.3 Continuum physics model applied to rubbery polybu-

tadiene films

We now apply our continuum physics model to a fully viscoelastic rubbery polymer

film, polybutadiene (PB), which is in its glass transition regime at 25 ◦C in the QCM

MHz frequency range.164–168 We therefore model the storage and loss moduli using

equations (3.21)-(3.22), which treat the frequency dependence of the shear modulus

as linear on a log-log scale.

To minimize the number of fit parameters, we determined the local slope of log(G′)

and log(G′′) versus log(f) within the QCM frequency range, corresponding to the

exponents β′ and β′′ in eqs. (3.21)-(3.22), by fitting rheological data from the litera-

ture.164,165,167,168 These literature studies measured G′(ω) and G′′(ω) (where ω = 2πf)

for PB samples at frequencies up to 100 rad/s (≈16 Hz) at different temperatures,

then used time-temperature superposition to shift the moduli to a single reference

temperature resulting in a collective frequency range spanning 10−3 to 10+11 Hz. We

digitized the data in the QCM frequency range from these studies corresponding to

PB samples with molecular weights ranging from Mw = 130 kg/mol (Colby et al.164)

to Mw = 1200 kg/mol (Liu et al.168). The data from Colby et al.164 and Liu et al.168

both used a reference temperature of 25 ◦C for their time-temperature superposition,

while Palade et al.165 and Wang et al.167 used −85 ◦C and 40 ◦C reference tempera-

tures, respectively. To superimpose the data from these literature studies on a single

plot and compare them with our QCM results collected at room temperature (≈ 25

◦C), we shifted the data from Palade et al.165 and Wang et al.167 to a reference tem-

perature of 25 ◦C using the shift factors from their papers. We then performed linear

fits to the log(G′) and log(G′′) versus log(f) data from each study for the frequency

range from 5 MHz to 45 MHz (corresponding to QCM harmonic range of n = 1 to

9) resulting in best fit average and standard deviation values of β′ = 0.50± 0.03 for

the storage and β′′ = 0.74 ± 0.01 for the loss moduli exponents. The small errors
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in β′ and β′′ illustrate the excellent agreement in the frequency dependence of the

storage and loss moduli of PB over a wide range of molecular weights in the 5–45

MHz frequency range at the 25 ◦C reference temperature, within the glass transition

regime. Given this consistency in β′ and β′′ values, it is reasonable to assume that

these exponent values for the storage and loss moduli should apply well to our study’s

PB with a molecular weight of Mw = 375 kg/mol measured at room temperature by

QCM within the glass transition regime. We therefore fix these exponent values of

β′ and β′′ in our continuum model and fit our QCM data for the storage G′0 and

loss G′′0 moduli offsets corresponding to G′(n) and G′′(n) at n = 1 (5 MHz) in eqs.

(3.21)-(3.22), along with the film thickness h.

QCM measurements were conducted on PB films for a variety of film thicknesses

ranging from 250 nm to 730 nm. Thicker films up to 2 µm were also investigated,

but clear reliable resonance peaks could not be obtained. For each film measured,

resonance traces were collected for a range of harmonics spanning from n = 1 up

to n = 13. These resonance peaks were then fit with eq. 3.3, as described in the

experimental methods section, to obtain the resonance frequency fn and dissipation

Γn at each harmonic n. Representative resonance traces for the harmonics at n = 3,

9, and 11 are shown in Figure 3.5a for a 250 nm thick PB film. Corresponding

reference traces of the bare quartz crystal were also collected at each harmonic to

determine the frequency shift ∆fn = ffilm+QCM
n − fbare QCM

n and dissipation shift

∆Γn = Γfilm+QCM
n − Γbare QCM

n . These values of ∆fn and ∆Γn are then plotted as a

function of harmonic number n in Figure 3.5b, with similar results for a 510 nm thick

PB film shown in Figure 3.5c. To focus on the viscoelastic response of these rubbery

films, the frequency shift ∆fn is referenced to the frequency shift expected from the

Sauerbrey equation resulting solely from the mass contribution ∆fSauerbrey
n , as given

by eq. (3.1).

As the harmonic number increases, especially for thicker films, anharmonic side
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(a) (b)

(c)

250 nm

510 nm

Figure 3.5: (a) Resonance traces of the n = 3, 9, and 11 harmonics for a 250 nm
PB film on a QCM. The symbols are the data collected with the network analyzer
and the red curves are fits using eq. (3.3). The dashed vertical line in the n = 11
resonance plot corresponds to the maximum frequency used in fitting the resonance.
Resonance frequency shifts ∆fn (orange circles, left axis) and dissipation shifts ∆Γn
(teal diamonds, right axis) for a 250 nm (b) and 510 nm (c) PB film. The symbols
are the experimental data and the curves the continuum physics model fits to these
data, where the frequency shift ∆fn has been referenced to that expected from the
Sauerbrey equation ∆fSauerbrey

n , which accounts only for the mass contribution. The
solid colored curves are a fit to both the solid and open symbols, while the gray solid
and dashed curves are a fit to the solid symbols that are then extrapolated to higher
harmonics, see text for details.

peaks become present near the main resonance peak of interest. These side peaks are

initially visible as side features far from the main resonance peak, but at sufficiently
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high harmonics, they eventually merge with the main resonance peak, rendering the

fitting for fn and Γn unreliable. Because of the caution often expressed about the

presence of anharmonic side peaks,89 it is common in the QCM literature to simply

discard any resonance curves with side peaks in the vicinity of the main resonance

peak or limit data to below some maximum harmonic number. In our measurements,

we have identified resonance traces at higher n for which anharmonic side peaks

appear to be present, but where we believe the main resonance peak can still be

reliably fit to obtain fn and Γn. An example of such a resonance trace is shown in

Fig. 3.5a for the n = 11 harmonic of the 250 nm PB film. By limiting the fitting

range to the main resonance peak, to the left of the vertical dashed line in the figure,

we were able to obtain good fits to the main resonance peak. However, given the

caution expressed with such traces, we have denoted the shifts obtained from the fn

and Γn values determined in this manner by open symbols in Figs. 3.5b and 3.5c. The

solid symbols are for ∆fn and ∆Γn shifts obtained from traces where no side peaks

are present near the main resonance peak, such as those shown in Fig. 3.5a for n = 3

and 9. We also find the resonance shifts at the fundamental harmonic n = 1 to be

extremely reproducible and as reliable as the resonance shifts measured at n = 3, as

such we have included the n = 1 data in our analysis.

In order to access the modulus of the polymer film, there would be benefits to

maximizing the number of harmonics measured because the QCM resonance becomes

more sensitive to the sample’s viscoelasticity at higher harmonics. As we are solving

our continuum physics model for the QCM numerically, we are not restricted to

only low harmonics far from the film resonance condition, as would be necessary

when using several of the approximations commonly used in QCM analysis. Thus,

we can use our continuum physics model as a way of verifying the consistency of

the frequency and dissipation shifts obtained from the higher harmonics with some

adjacent side peaks present to the main resonance. We can do this by first using
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the continuum physics model to fit only the solid symbols in Figs. 3.5b and 3.5c,

where no side peaks are present, and then extrapolating the model with these best

fit parameters to higher harmonics to see how they compare with the ∆fn and ∆Γn

values obtained when some adjacent side peaks are present (open symbols). From

such a comparison, we find that the measured ∆fn and ∆Γn values (open symbols) are

within 0.8% of the predicted values based on an extrapolation of the model. This good

agreement suggests a consistency that justifies the inclusion of the higher harmonics

(open symbols) where adjacent side peaks are present, but for which we believe the

resonance and dissipation values can be accurately determined from the resonance

trace. As such, we have chosen to fit the entire harmonic range measured (both open

and solid symbols) to determine our best fit values for the storage and loss modulus

of the polymer films by QCM. By comparing the curvature of the ∆fn −∆fSauerbrey
n

data as a function of harmonic number n with model predictions, we can identify

these open symbols as occurring just near the start of the film resonance condition.

As described in section 3.4.1, the continuum physics model calculates the fre-

quency and dissipation shifts ∆fn and ∆Γn as a function of harmonic number n

expected for a polymer film supported on the QCM crystal based on its film thick-

ness h, and storage G′(n) = G′0n
β′

and loss G′′(n) = G′′0n
β′′

modulus values. By using

literature data to fix the frequency dependence, exponent values β′ and β′′, we are

left with only three fit parameters h, G′0 and G′′0 that can be determined from fits

of ∆fn and ∆Γn as a function of harmonic number n. The density of high molec-

ular weight PB is between 0.894 and 0.896 g/cm3 at room temperature;164 in this

study, we use the value of ρ = 0.895 g/cm3 for our continuum model. For the 250

nm PB film shown in Fig. 3.5b, the best fit values determined from a fit of all the

data to our continuum physics model gives h = 246 ± 1 nm for the film thickness,

and G′0 = 2.64 ± 0.66 MPa and G′′0 = 5.08 ± 0.27 MPa for the storage and loss

modulus. For the 510 nm thick PB film shown in Fig. 3.5c, the best fit values are
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h = 510± 2 nm, and G′0 = 3.54± 0.07 MPa and G′′0 = 4.07± 0.08 MPa. These film

thickness values determined by QCM are in good agreement with the independently

measured values by ellipsometry of h = 244± 3 nm and h = 531± 16 nm. Data were

also collected for a thicker PB film of 730 nm thickness where fits of the QCM data

for harmonics n = 1, 3, and 5 to the continuum physics model gave best fit values

of h = 732 ± 6 nm, and G′0 = 3.75 ± 0.12 MPa and G′′0 = 4.12 ± 0.19 MPa, where

again the QCM determined film thickness agreed well with the value independently

measured by ellipsometry of h = 765 ± 4 nm. To within experimental error, we do

not observe any meaningful thickness dependence to the moduli values measured by

QCM within the measured range of 250–730 nm.

Figure 3.6 graphs these best fit values of G′(n) = G′0n
0.50 and G′′(n) = G′′0n

0.74

for the three PB film thicknesses measured: 250 nm, 510 nm, and 730 nm. The error

bars plotted include the fitting error of G′0 and G′′0 added in quadrature to the un-

certainty in G′0 and G′′0 due to the range in the exponent values β′ = 0.50± 0.03 and

β′′ = 0.74±0.01. To facilitate comparison with the literature rheometry data for PB,

the values are graphed as logG′(f) and logG′′(f) versus the logarithm of the frequency

f = nf0. The literature data described above and used to determine the exponents β′

and β′′ over the QCM frequency range are also plotted for reference.164,165,167,168 The

QCM-determined moduli correspond to room-temperature measurements conducted

between a total frequency range of 5 MHz to 65 MHz for three samples of different

film thicknesses. The lower-frequency rheometry data was measured over a frequency

range of approximately 10−3 to 10+1 Hz at a range of different temperatures, and then

time-temperature shifted to higher frequencies corresponding to a reference tempera-

ture of 25 ◦C. Excellent agreement is obtained between the QCM MHz data and the

lower-frequency rheometry data in agreement with time-temperature superposition.

Such good agreement between QCM and lower-frequency rheological measurements

have also been reported by others.136,140,169
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Figure 3.6: Log-log plot of storage G′(f) and loss G′′(f) moduli for PB at 25 ◦C.
Open symbols are the QCM data measured for PB (Mw = 375 kg/mol) films with
thicknesses of 250 nm (red triangles), 510 nm (blue circles), and 730 nm (cyan dia-
monds). Curves depict the literature rheometry data time-temperature shifted up to
the MHz frequencies of the QCM.164,165,167,168 The dashed lines show the local slope
from 5–45 MHz averaged over all the literature studies giving the exponent values
β′ = 0.50± 0.03 and β′′ = 0.74± 0.01.
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3.4.4 Continuum physics model applied to rubbery PDMS

films

As a second case, we apply our continuum physics model to another rubbery

viscoelastic polymer film, polydimethylsiloxane (PDMS), which is also in its glass

transition regime at room temperature in the QCM MHz frequency range.117 The

storage and loss moduli are again modeled using eqs. (3.21)-(3.22), treating the fre-

quency dependence of the shear modulus as linear on a log-log scale. For PDMS,

we use the popular Sylgard 184 elastomer kit to make cross-linked PDMS samples

(9 to 1 base to cross-linker ratio by mass) with a zero frequency elastic modulus

E ≈ 1.95± 0.19 MPa.45,90

Again to minimize the number of fit parameters in eqs. (3.21)-(3.22), we use liter-

ature data to estimate values for the exponents β′ and β′′ representing the local slope

of log(G′) and log(G′′) versus log(f) within the QCM frequency range. Unfortunately,

even though PDMS is commonly used in various fields such as microfluidics,170 cell

biology,120,171 soft robotics,172 and 3D printing,173 viscoelastic master curves with a

wide span of frequencies are scarce. We were able to find DMA data for the same

Sylgard 184 PDMS elastomer we use published by Tiwari et al., where they measured

the frequency-dependent Young’s modulus E(ω) from −140 ◦C to 120 ◦C in 5 ◦C

increments, and then time-temperature shifted the data to create a master curve

at a reference temperature of 20 ◦C.117 Although this study by Tiwari et al. used

slightly different curing conditions and base to cross-linker ratio, our previous litera-

ture compilation of Sylgard 184 PDMS Young’s modulus values suggests these small

differences are not significant, and the Tiwari et al. modulus curve should be a decent

representation for our PDMS.90

To obtain the storage exponent β′ for QCM shear measurements, we converted

their Young’s modulus E(ω) data to shear modulus using the simple relation G′(ω) =

E(ω)
3

that assumes Poisson’s ratio ν = 0.5. This is a good approximation for rubbery
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PDMS (ν = 0.495 for Sylgard 184 PDMS174), but will cause some discrepancy at

higher frequencies when the material is nearly glassy. The MHz frequency range for

our PDMS QCM measurements (5− 35 MHz) falls within the glass transition regime

of PDMS at room temperature. The Tiwari et al. data actually have a gap in this

regime because of crystallization issues, thus we have interpolated the G′(ω) data

(see Fig. 3.8) using a simple linear interpolation to connect the rubbery and glassy

regimes and estimate a reasonable value for the elastic exponent as β′ = 0.32± 0.08.

As loss modulus G′′(ω) data are not available, we performed the Kramers-Kronig

transformation on the storage modulus data by Tiwari et al.117 to obtain logG′′(f) as

a function of log(f) data from which to estimate a β′′ value. As outlined in Ref. [175],

the Kramers-Kronig transformation for polymer master curves from G′(f) to G′′(f)

is given by

G′′(f) =
2f

π

∫ ∞
0

G′(u)−G′(f)

u2 − f 2
du, (3.23)

assuming Boltzmann’s superposition principle is valid. Even though the Tiwari et al.

data already span 30 decades in frequency, we extended the data to infinity assuming

a flat glassy and rubbery plateau to account for the limits of integration. The value

of β′′ determined by fitting the resulting logG′′ as a function of log f curve in the

5−35 MHz frequency range used for QCM measurements of PDMS was β′′ = 0.2±0.1.

We performed QCM measurements on PDMS films with film thicknesses of 450 nm,

550 nm, and 960 nm. Data on thicker films up to 2 µm were also collected, but lacked

clear reliable resonance peaks that could be fit. For the PDMS films, resonance traces

over the harmonic range from n = 1 to n = 7 were collected and fit using eq. (3.3)

to obtain fn and Γn. Figure 3.7a shows representative resonance traces for a 450 nm

thick PDMS film at harmonic numbers n = 3, 5, and 7. As expected, we observe that

anharmonic side peaks emerge at higher harmonics, which eventually merge with and

obscure the main resonance peak. As in the PB case, we have identified resonance

traces for PDMS samples where we believe the main resonance peak can still be reli-
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(a) (b)

(c)

450 nm

550 nm

n = 3
450 nm

n = 5
450 nm

n = 7
450 nm

Figure 3.7: (a) QCM resonance traces measured for a 450 nm thick PDMS film at
the n = 3, 5, and 7 harmonics (symbols), with fits to eq. (3.3) shown as red curves.
For the n = 7 resonance, data were only fit up to the vertical dashed line. (b) and (c)
plot the frequency ∆fn (orange circles, left axis) and dissipation ∆Γn (teal diamonds,
right axis) shifts for 450 nm and 550 nm thick PDMS films, relative to the expected
Sauerbrey mass contribution shift ∆fSauerbrey

n . The solid colored curves are a fit to
both the solid and open symbols, while the gray solid and dashed curves are a fit to
the solid symbols that are then extrapolated to higher harmonics.

ably fit to obtain fn and Γn by limiting the fitting range, like that shown in Fig. 3.7a

for n = 7. Resonance shifts obtained from such traces have been denoted with open

symbols in Fig. 3.7b and 3.7c, where solid symbols indicate resonance traces with

no anharmonic side peaks present. Similar to the PB data, fits of our continuum
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physics model to the ∆fn and ∆Γn resonance shifts using only the data without any

anharmonic side peaks (solid symbols) and then extrapolated to higher harmonics,

agree well with the open symbols. Thus, we have again chosen to report results that

include fits to both the solid and open symbols.

Figures 3.7b and 3.7c graph the frequency and dissipation shifts relative to that of

the bare quartz, determined as ∆fn = ffilm+QCM
n − fbare QCM

n and ∆Γn = Γfilm+QCM
n −

Γbare QCM
n , for 450 nm and 550 nm thick PDMS films. To emphasize the viscoelastic

response of these rubbery films, the measured resonance shifts ∆fn and ∆Γn for the

PDMS films are again plotted relative to the expected shift from only added mass

∆fSauerbrey
n based on the Sauerbrey equation, eq. (3.1). We fit these data (both solid

and open symbols) to our continuum physics model to obtain the storage G′(n) =

G′0n
β′

and loss G′′(n) = G′′0n
β′′

moduli, and film thickness h for the PDMS films. In
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Figure 3.8: Log-log plot of the storage modulus G′(f) for PDMS. Open symbols are
the QCM data we measured for Sylgard 184 PDMS films with thicknesses of 450 nm
(purple upward-pointing triangles), 550 nm (pink sideward-pointing triangles), and
960 nm (green downward-pointing triangles) in the frequency range of 5 MHz to
35 MHz and at 25 ◦C. DMA data by Tiwari et al.117 for Sylgard 184 PDMS, time-
temperature shifted to a reference temperature of 20 ◦C, is also plotted for comparison.
The dashed line is a linear interpolation between the rubbery and glassy regimes of
the Tiwari et al. data giving a slope of β′ = 0.32.
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eqs. (3.21)-(3.22), the exponents were held fixed at β′ = 0.32 and β′′ = 0.2 that we

determined from the literature. The density of Sylgard 184 PDMS was taken to be

ρ = 1.1 g/cm3.176 The best fit values from our continuum physics model to all the

∆fn and ∆Γn data as a function of harmonic number n are G′0 = 8.19 ± 0.81 MPa,

G′′0 = 12.7 ± 2.7 MPa, and h = 452 ± 9 nm for the 450 nm thick PDMS film;

G′0 = 7.99±0.37 MPa, G′′0 = 11.1±1.7 MPa, and h = 548±12 nm for the 550 nm thick

PDMS film; and G′0 = 8.29±0.16 MPa, G′′0 = 10.28±0.89 MPa, and h = 960±10 nm

for the 960 nm thick PDMS film. These film thickness values determined by QCM

are in good agreement with the independently measured values by ellipsometry of

h = 468 ± 3 nm, h = 580 ± 16 nm, and h = 972 ± 4 nm. As for the PB films, we

do not observe any thickness dependence to the moduli values measured by QCM to

within experimental error.

In Figure 3.8, we graph the best fit values of the storage modulus for the PDMS

films measured by QCM by plotting G′(n) = G′0n
β′

, where the error associated with

the fitting and the uncertainty in the exponents β′ and β′′ are smaller than the

symbol size. The DMA data by Tiwari et al.117 are plotted for comparison. We

observe excellent agreement between the storage modulus values measured by QCM

for PDMS film thicknesses of 450 nm, 550 nm, and 960 nm in the frequency range of

5 MHz to 35 MHz with the Tiwari et al. DMA data.

3.5 Conclusions

In this study, we have presented a full solution to the shear wave propagation of a

MHz QCM acoustic signal through a polymer film subject to the boundary conditions

of displacement and stress continuity at the interfaces, retaining the physical intuition

of the continuum physics of wave propagation. By leveraging modern computational

techniques, we are able to solve the resulting set of three coupled equations without
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any approximations. Viscoelastic QCM measurements were performed on rubbery

polymer films of PB and PDMS near their glass transition regimes, as well as control

measurements on glassy PS films. The measured frequency ∆fn and dissipation

∆Γn shifts over an extended range of harmonic numbers n were numerically fit to

determine the storage G′(fn) and loss G′′(fn) moduli of the polymer, as well as the

film thickness h, from the QCM data. These film thickness values determined from the

QCM measurements were found to agree well with values determined by ellipsometry.

The frequency dependence of the modulus was treated as linear on a log-log scale

over the frequency range of the QCM (5–65 MHz corresponding to n = 1–13) as

log10G
′ = β′ log10 n + log10G

′
0 and log10G

′′ = β′′ log10 n + log10G
′′
0. To minimize the

number of fitting parameters, the β′ and β′′ values representing the local slope of the

log modulus vs. log frequency data over the QCM frequency range were determined

from literature data. The measured storage G′(fn) and loss G′′(fn) moduli from QCM

in the MHz frequency regime for polymer films ranging in thickness from 250 nm to

1.4 µm agreed well with literature rheometry data taken on bulk samples over a

frequency range of 10−3 to 10+1 Hz that were time-temperature shifted to higher

frequencies. Thus, QCM MHz-frequency viscoelasticity measurements can be used to

verify the validity of time-temperature superposition,128,140 which has been reported

to break down at time scales corresponding to MHz frequencies for some polymers.177

Taking advantage of the fact that we are numerically solving the resonance fre-

quency ∆fn and dissipation ∆Γn shifts exactly, we examine the reliability of data

collected at higher harmonics near film resonance. Higher harmonics that approach

film resonance are typically avoided because of the belief that the presence of anhar-

monic side bands make the data unreliable. We test this by comparing the measured

∆fn and ∆Γn values at higher harmonics with the expected values based on an extrap-

olation of the continuum physics model from the data collected at lower harmonics.

For QCM resonance traces where we believe the resonance peak can be adequately
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fit, we find that the measured ∆fn and ∆Γn data agree well with the model, even if

anharmonic side bands are adjacent to the resonance peak.

3.6 Appendix

Experimental Setup

Figure 3.9: Photograph of the experimental setup of the QCM sensor connected to
the network analyzer.
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Polystyrene Data Tables and Resonance Traces

1.37 µm thick polystyrene film:

 
Tables for Supporting Information 
 
1.37 μm thick polystyrene film. 

 
 
 
1.26 μm thick polystyrene film. 

 
 
 
 
 
 
 
 
 
 
 
 

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -8214.7 0.2 𝑓& = 5.010151 MHz 
3 -24530.6 0.9 𝐺&- = 1.53 ± 0.10	GPa* 
5 -41066.0 2.9 ℎ = 1.37 ± 0.01	μm* 
7 -57994.5 8.8 *Values determined from fitting n = 1-19 
9 -75484.9 18.6  

11 -93784.1 37.6 ℎ = 1.33 ± 0.10 μm by ellipsometry 
13 -113090.1 55.0  
15 -133941.2 105.2  
17 -156168.2 181.9  
19 -181714.2 274.9  
21 -210668.8 474.7  

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -7510.1 3.7 𝑓& = 5.008344 MHz 
3 -22572.8 0.3 𝐺&- = 1.83 ± 0.07	GPa* 
5 -37781.1 -3.0 ℎ = 1.265 ± 0.004	μm* 
7 -53253.3 -2.6 *Values determined from fitting n = 1-19 
9 -69055.5 24.2  

11 -85379.9 17.8 ℎ = 1.33 ± 0.10 μm by ellipsometry 
13 -102358.4 41.9  
15 -120189.8 61.0  
17 -139079.8 102.3  
19 -159436.0 181.0  
21 -181573.9 295.7  

1.26 µm thick polystyrene film:

 
Tables for Supporting Information 
 
1.37 μm thick polystyrene film. 

 
 
 
1.26 μm thick polystyrene film. 

 
 
 
 
 
 
 
 
 
 
 
 

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -8214.7 0.2 𝑓& = 5.010151 MHz 
3 -24530.6 0.9 𝐺&- = 1.53 ± 0.10	GPa* 
5 -41066.0 2.9 ℎ = 1.37 ± 0.01	μm* 
7 -57994.5 8.8 *Values determined from fitting n = 1-19 
9 -75484.9 18.6  

11 -93784.1 37.6 ℎ = 1.33 ± 0.10 μm by ellipsometry 
13 -113090.1 55.0  
15 -133941.2 105.2  
17 -156168.2 181.9  
19 -181714.2 274.9  
21 -210668.8 474.7  

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -7510.1 3.7 𝑓& = 5.008344 MHz 
3 -22572.8 0.3 𝐺&- = 1.83 ± 0.07	GPa* 
5 -37781.1 -3.0 ℎ = 1.265 ± 0.004	μm* 
7 -53253.3 -2.6 *Values determined from fitting n = 1-19 
9 -69055.5 24.2  

11 -85379.9 17.8 ℎ = 1.33 ± 0.10 μm by ellipsometry 
13 -102358.4 41.9  
15 -120189.8 61.0  
17 -139079.8 102.3  
19 -159436.0 181.0  
21 -181573.9 295.7  

The best fit parameters presented in the polystyrene data tables are fitting only the

frequency shift data ∆fn for the shear modulus G′0, assuming a frequency independent

modulus (exponent β′ = 0), as described in the main text. The assumption of a

frequency independent modulus can be justified by fitting the frequency ∆fn and

dissipation ∆Γn shift data to a complex modulus of the form G̃ = |G̃| eiφ. When this

is done, the phase angle φ = arctan
(
G′′

G′

)
is found to be very small, φ = 0.0079 radians

= 0.45 degrees, or equivalent to an exponent β′ = 0.005. See Refs.128,136 in the main

text by the Shull group for a more detailed description of the phase angle φ.
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Figure 3.10 (a) shows resonances traces for the 1.37 µm thick polystyrene (PS) film

for harmonic numbers n = 3, 15, and 19. Figure 3.10 (b)-(c) graph the experimental

frequency ∆fn and dissipation ∆Γn shifts for the 1.37 µm thick and 1.26 µm thick

PS samples. The frequency shifts ∆fn are referenced to the expected frequency shifts

∆fSauerbrey
n from purely mass loading given by the Sauerbrey equation to focus on the

viscoelastic response of the film. The curves show the fits of the continuum physics

model to these data fitting both ∆fn and ∆Γn to a complex modulus of the form

G̃ = G′+ iG′′ with no frequency dependence, and the film thickness h. Best-fit values

for the 1.37 µm film are h = 1.37 ± 0.01 µm, G′ = 1.53 ± 0.12 GPa, and G′′ =

12.0± 40.4 MPa, and best-fit values for the 1.26 µm film are h = 1.265± 0.005 µm,

G′ = 1.83 ± 0.08 GPa, and G′′ = 15.5 ± 28.8 MPa. These values of G′ and h are in

good agreement with those found in the main text when fitting only the frequency

shift data ∆fn with fitting parameters of G′ and h. The values of G′′ are consistent

with those determined from G′′ = G′ tan(φ) when fitting the complex modulus as

G̃ = |G̃| eiφ. We note that the loss modulus values G′′ have a very large error for both

PS samples, which is likely due to the PS samples having a very low phase angle φ,

leading to very small dissipation shifts ∆Γn for PS that are an order of magnitude

smaller than those observed for rubbery PB and PDMS films. As such, we have

chosen to only fit the storage modulus G′ and film thickness h for PS in the main

text.
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1.37 μm

n = 19
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Figure 3.10: (a) Resonance traces at the n = 3, 15, and 19 harmonics for the 1.37 µm
thick PS film. Black symbols are the data collected with the network analyzer and
the red curves are fits using eq. (3.3). Resonance frequency shifts ∆fn (orange circles,
left axis) and dissipation shifts ∆Γn (teal diamonds, right axis) for the 1.37 µm (b)
and 1.26 µm (c) thick PS films. Symbols correspond to the experimental data, while
the curves are fits of the continuum physics model to these data. The frequency shift
∆fn data are referenced to that expected from the Sauerbrey equation ∆fSauerbrey

n .
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Data Tables for Polybutadiene

250 nm thick polybutadiene film:

 
 
250 nm thick polybutadiene film. 

 
 
 
510 nm thick polybutadiene film. 

 
 
 
730 nm thick polybutadiene film. 

 
 
 
 
 
 
 
 

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -1259.5 1.9 𝑓& = 5.008271 MHz 
3 -3789.5 42.4 𝐺&- = 2.64 ± 0.66 MPa 
5 -6332.5 147.0 𝐺&-- = 5.08 ± 0.27 MPa 
7 -8885.4 326.5 ℎ = 246 ± 1 nm 
9 -11457.3 589.9  

11 -14017.5 951.1 ℎ = 244 ± 3 nm by ellipsometry 
13 -16573.9 1427.6  

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -2632.4 25.4 𝑓& = 5.009164 MHz 
3 -8059.7 437.6 𝐺&- = 3.54 ± 0.07 MPa 
5 -13674.4 1574.2 𝐺&-- = 4.07 ± 0.08 MPa 
7 -19250.0 3691.1 ℎ = 510 ± 2 nm 

    
   ℎ = 531 ± 16 nm by ellipsometry 
    

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -3832.6 78.5 𝑓& = 5.009164 MHz 
3 -11883.3 1364.3 𝐺&- = 3.75 ± 0.12 MPa 
5 -20035.9 5077.2 𝐺&-- = 4.12 ± 0.19 MPa 

   ℎ = 732 ± 6 nm 
    
   ℎ = 765 ±4 nm by ellipsometry 
    

510 nm thick polybutadiene film:

 
 
250 nm thick polybutadiene film. 

 
 
 
510 nm thick polybutadiene film. 

 
 
 
730 nm thick polybutadiene film. 

 
 
 
 
 
 
 
 

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -1259.5 1.9 𝑓& = 5.008271 MHz 
3 -3789.5 42.4 𝐺&- = 2.64 ± 0.66 MPa 
5 -6332.5 147.0 𝐺&-- = 5.08 ± 0.27 MPa 
7 -8885.4 326.5 ℎ = 246 ± 1 nm 
9 -11457.3 589.9  

11 -14017.5 951.1 ℎ = 244 ± 3 nm by ellipsometry 
13 -16573.9 1427.6  

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -2632.4 25.4 𝑓& = 5.009164 MHz 
3 -8059.7 437.6 𝐺&- = 3.54 ± 0.07 MPa 
5 -13674.4 1574.2 𝐺&-- = 4.07 ± 0.08 MPa 
7 -19250.0 3691.1 ℎ = 510 ± 2 nm 

    
   ℎ = 531 ± 16 nm by ellipsometry 
    

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -3832.6 78.5 𝑓& = 5.009164 MHz 
3 -11883.3 1364.3 𝐺&- = 3.75 ± 0.12 MPa 
5 -20035.9 5077.2 𝐺&-- = 4.12 ± 0.19 MPa 

   ℎ = 732 ± 6 nm 
    
   ℎ = 765 ±4 nm by ellipsometry 
    

730 nm thick polybutadiene film:

 
 
250 nm thick polybutadiene film. 

 
 
 
510 nm thick polybutadiene film. 

 
 
 
730 nm thick polybutadiene film. 

 
 
 
 
 
 
 
 

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -1259.5 1.9 𝑓& = 5.008271 MHz 
3 -3789.5 42.4 𝐺&- = 2.64 ± 0.66 MPa 
5 -6332.5 147.0 𝐺&-- = 5.08 ± 0.27 MPa 
7 -8885.4 326.5 ℎ = 246 ± 1 nm 
9 -11457.3 589.9  

11 -14017.5 951.1 ℎ = 244 ± 3 nm by ellipsometry 
13 -16573.9 1427.6  

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -2632.4 25.4 𝑓& = 5.009164 MHz 
3 -8059.7 437.6 𝐺&- = 3.54 ± 0.07 MPa 
5 -13674.4 1574.2 𝐺&-- = 4.07 ± 0.08 MPa 
7 -19250.0 3691.1 ℎ = 510 ± 2 nm 

    
   ℎ = 531 ± 16 nm by ellipsometry 
    

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -3832.6 78.5 𝑓& = 5.009164 MHz 
3 -11883.3 1364.3 𝐺&- = 3.75 ± 0.12 MPa 
5 -20035.9 5077.2 𝐺&-- = 4.12 ± 0.19 MPa 

   ℎ = 732 ± 6 nm 
    
   ℎ = 765 ±4 nm by ellipsometry 
    



83

Data Tables for PDMS

450 nm thick PDMS film:

 
 
 
 
450 nm thick PDMS film. 

 
 
 
550 nm thick PDMS film. 

 
 
 
960 nm thick PDMS film. 

 
 

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -2815.1 25.4 𝑓& = 5.000419 MHz 
3 -8614.1 437.6 𝐺&- = 8.19 ± 0.81	MPa 
5 -14796.0 1574.2 𝐺&-- = 12.7 ± 2.7 MPa 
7 -21401.4 3691.1 ℎ = 452 ± 9 nm 

    
   ℎ = 468 ± 3 nm by ellipsometry 
    

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -3396.5 74.8 𝑓& = 5.000158 MHz 
3 -10616.7 555.2 𝐺&- = 7.99 ± 0.37 MPa 
5 -18510.3 2195.2 𝐺&-- = 11.1 ± 1.7 MPa 
7 -27152.5 6089.5 ℎ = 548 ± 12 nm 

    
   ℎ = 580 ± 16 nm by ellipsometry 
    

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -6102.0 151.0 𝑓& = 5.000158 MHz 
3 -19942.0 3003.9 𝐺&- = 8.29 ± 0.16 MPa 

   𝐺&-- = 10.28 ± 0.89 MPa 
   ℎ = 960 ± 10 nm 
    
   ℎ = 972 ± 4	nm by ellipsometry 
    

550 nm thick PDMS film:

 
 
 
 
450 nm thick PDMS film. 

 
 
 
550 nm thick PDMS film. 

 
 
 
960 nm thick PDMS film. 

 
 

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -2815.1 25.4 𝑓& = 5.000419 MHz 
3 -8614.1 437.6 𝐺&- = 8.19 ± 0.81	MPa 
5 -14796.0 1574.2 𝐺&-- = 12.7 ± 2.7 MPa 
7 -21401.4 3691.1 ℎ = 452 ± 9 nm 

    
   ℎ = 468 ± 3 nm by ellipsometry 
    

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -3396.5 74.8 𝑓& = 5.000158 MHz 
3 -10616.7 555.2 𝐺&- = 7.99 ± 0.37 MPa 
5 -18510.3 2195.2 𝐺&-- = 11.1 ± 1.7 MPa 
7 -27152.5 6089.5 ℎ = 548 ± 12 nm 

    
   ℎ = 580 ± 16 nm by ellipsometry 
    

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -6102.0 151.0 𝑓& = 5.000158 MHz 
3 -19942.0 3003.9 𝐺&- = 8.29 ± 0.16 MPa 

   𝐺&-- = 10.28 ± 0.89 MPa 
   ℎ = 960 ± 10 nm 
    
   ℎ = 972 ± 4	nm by ellipsometry 
    

960 nm thick PDMS film:

 
 
 
 
450 nm thick PDMS film. 

 
 
 
550 nm thick PDMS film. 

 
 
 
960 nm thick PDMS film. 

 
 

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -2815.1 25.4 𝑓& = 5.000419 MHz 
3 -8614.1 437.6 𝐺&- = 8.19 ± 0.81	MPa 
5 -14796.0 1574.2 𝐺&-- = 12.7 ± 2.7 MPa 
7 -21401.4 3691.1 ℎ = 452 ± 9 nm 

    
   ℎ = 468 ± 3 nm by ellipsometry 
    

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -3396.5 74.8 𝑓& = 5.000158 MHz 
3 -10616.7 555.2 𝐺&- = 7.99 ± 0.37 MPa 
5 -18510.3 2195.2 𝐺&-- = 11.1 ± 1.7 MPa 
7 -27152.5 6089.5 ℎ = 548 ± 12 nm 

    
   ℎ = 580 ± 16 nm by ellipsometry 
    

Harmonic 𝑛 Δ𝑓$   (Hz) ΔΓ$ (Hz)  
1 -6102.0 151.0 𝑓& = 5.000158 MHz 
3 -19942.0 3003.9 𝐺&- = 8.29 ± 0.16 MPa 

   𝐺&-- = 10.28 ± 0.89 MPa 
   ℎ = 960 ± 10 nm 
    
   ℎ = 972 ± 4	nm by ellipsometry 
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Chapter 4

Annealing Matters:

Modulus Profile Developed on

Annealing a Dissimilar

Polymer-Polymer Interface

Measured by QCM

4.1 Synopsis

Recent work by our group has demonstrated that small changes in the composition

profile between dissimilar polymer domains associated with annealing can strongly

alter the dynamical coupling across these domains.70,90 In contrast, other studies

have reported that polymer-liquid interfaces behave similar to the interface between

a polymer and a hard substrate.85,86 Collecting these ideas, we hypothesize that the

mechanism underlying strong dynamic coupling across dissimilar polymer-polymer

interfaces may be related to impedance matching, where similar moduli and densities,
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and larger interfacial widths translate to more transmission of vibrational (phonon)

modes or acoustic waves through the interface. We show using a quartz crystal

microbalance (QCM) that MHz-frequency shear waves are transmitted differently

through a polystyrene (PS) / polybutadiene (PB) interface depending on whether the

interface has been minimally annealed or annealed to equilibrium. Using a continuum

physics layer model we show that the data are inconsistent with the notion of only

the compositional interfacial width increasing, and that there is instead a longer-

ranged altered viscoelastic profile of width WG ≈ 150 nm that is produced during the

interface annealing.

4.2 Introduction

In polymer blends, smaller domain sizes can lead to better performance, with

properties of the interfaces often being responsible for various material property

changes.178 Early attempts to simplify the physics by using a simplified geometry

studied the polymer/air interface by measuring the glass transition temperature Tg

of polymer thin films either exposed to air on both sides (“free standing”),57,179,180 or

placed on a substrate (“supported films”).9,10,12,15 While being a simple geometry, the

polymer/air interface has been studied extensively and has unearthed a plethora of

polymer physics. The consensus among experiment, theory, and simulations is that a

reduction in the number of nearest neighbors near the free surface enhances the local

mobility of the polymer.9,10,15 The effect of this increased mobility has been modeled

in terms of a decrease in the energy barrier height to rearrangements, a change in free

volume, or as a percolating front of increased mobility.17 An attractive interaction

with a substrate, by contrast, hinders the local mobility of the polymer. Measure-

ments of the bulk Tg of a polymer on a substrate, then, include averages over the

gradients in the local mobility near the free surface and substrate.17,110
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The interface between two dissimilar polymers has been less studied than the

freestanding or the supported film cases, partly due to the greater difficulty in exper-

imentally measuring and theoretically treating the polymer-polymer interface vs. the

polymer-air interface, and partly due to the polymer-air interface still continuing to

provide more open questions. Computational modeling of polymer-polymer interfaces

are typically restricted to making assumptions of a much shorter composition profile

than experimental systems that have compositional interfacial widths wI typically

between 1 − 10 nm. Theoretically, the presence of a polymer-air interface presents

a simple stress-free boundary condition at the free surface, while polymer-polymer

interfaces introduce a more complicated boundary condition.17

In 2015, Baglay and Roth experimentally measured the local Tg(z) near a glassy-

rubbery PS/PnBMA interface using a localized fluorescence probe method.69 They

found a broad spatial range of perturbations to local Tg(z) spanning distances over a

total of 350-400 nm. This profile was fit with a hyperbolic tangent function of the form

φ(z) = 1
2

[
1 + tanh

(
2z
WTg

)]
, providing a Tg(z) interfacial width WTg = 231 ± 5 nm.

Similar results of large ranges of local Tg(z) perturbation were found in a subsequent

study70 that measured the local Tg(z) using a similar method in PS next to other

polymers with both higher and lower bulk Tgs than PS. These and other local Tg(z)

studies72,73,90,109 identified three key components making up the changes in the mag-

nitude and spatial extent in shifts from bulk Tg in glassy PS near rubbery polymer

domains. First, the interface must be sufficiently annealed. Without fully anneal-

ing the interface, the Tg(z) profile is truncated considerably.70,90 Second, the local

Tg(z) profile in PS is strongly influenced by the rubbery modulus of the neighboring

rubbery domain,90 as discussed in Chapter 2. Third, a more narrow composition

profile reduces the length scales of Tg(z) perturbation,90 as discussed in Chapter 2. It

therefore appears that the key control parameters determining the increase in Tg(z)

profile width WTg on annealing are the compositional interfacial width wI and the
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relative moduli of the polymer domains. Gathering these factors, we suggested in

Ref. [90] that something akin to acoustic impedance matching may be the underlying

mechanism controlling perturbations to local Tg(z). In acoustic impedance matching,

a mismatch in the modulus or density between layers causes increased reflections of

acoustic waves at the interface. A gradual change in the density or shear modulus

produces increased transmission across the interface as well, so that a larger interfacial

width in composition wI or modulus WG leads to increased transmission of acoustic

waves.

This concept of impedance matching between high and low moduli polymeric

materials determining perturbations to Tg finds additional support in dewetting mea-

surements of the film-averaged Tg(h) of PS floating on liquid glycerol and an ionic

liquid.85,86 These measurements found that the Tg(h) of PS floating on a liquid fol-

lowed a similar behavior as the Tg(h) for PS on silicon rigid substrates. These results

illustrate that it is not only the absolute moduli of the materials that affect the

Tg(h), since the modulus of glycerol is effectively zero while the modulus of silicon

is O(109) Pa. Instead, these results may be understood as caused by the small com-

positional interfacial width of the PS/liquid (∼ 0.5 nm) leading to no coupling of Tg

dynamics across the PS/liquid or PS/solid interface.

Collectively, these studies provide a basis for the view that glassy-rubbery poly-

mer interfaces are not only altering the local mobility of the polymers, but are also

altering the boundary conditions and transmission of density waves traveling through

the system. With this mechanism in mind, here we measure the effect of interface

formation through annealing on the shear wave propagation in a polymer bilayer of

PS and PB using a QCM. Using a continuum physics layer model extended from

that developed in Chapter 3, we relate the QCM measurements to a long ranged

perturbation of the modulus near the PB/PS interface. The length scales of this

modulus interface are much larger than the compositional interfacial width wI , and
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are instead comparable to the Tg(z) interfacial width WTg . This result of comparable

length scales between the modulus and local Tg(z) profiles provides strong evidence

that a long-ranged modulus gradient may be responsible for the long-ranged local

Tg(z) perturbations observed in Refs. [69, 70, 73, 90].

4.3 Experimental Methods

Polystyrene (PS) (Mw = 1920 kg/mol, Mw/Mn = 1.26) was purchased from Pres-

sure Chemical and used as received. Polybutadiene (PB) (Mw = 375 kg/mol, Mw/Mn

= 2.4; 36% cis 1,4; 55% trans 1,4; 9% vinyl 1,2, as specified by the supplier) from

Scientific Polymer Products was purchased and washed three times by dissolving in

tetrahydrofuran (THF) and precipitating in chilled methanol.73 The PS layer was

spin-coated directly from a toluene solution onto the QCM sensor, as well as silicon

pieces for film thickness determination by ellipsometry. The PS on the QCM was

annealed under vacuum for a minimum of 14 h after spin-coating at a temperature of

120 ◦C to remove residual solvent and release stresses developed during spin-coating.

QCM measurements were then collected on this PS film to determine the film thick-

ness. The PB layer was spin-coated from a toluene solution onto freshly-cleaved mica,

then immediately floated onto room temperature deionized water and captured from

below with the annealed PS layer atop the QCM. The PB/PS bilayer was then placed

in a 25 ◦C vacuum oven for a minimum of 14 h to relax the PB film and remove any

air gaps between the PB and PS layers. QCM measurements were then collected after

annealing the bilayer in a vacuum oven for different annealing times at 120 ◦C.

4.4 Results and Discussion

Previous measurements of the local Tg(z) of PS in PSF/PS69 and PS/PDMS90

systems have shown the necessity of sufficient annealing to promote coupling of Tg(z)
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dynamics across the immiscible polymer-polymer interface. The extent to which a

similar effect of annealing on promoting increased mechanical coupling in the form

of a long ranged gradient in viscoelasticity is the subject of this chapter, with the

aim to connect the length scales of the Tg(z) profile with those of a shear modulus

G(z) profile near the interface. This connection between length scales would provide

additional evidence that local Tg(z) perturbations are caused by acoustic density

wave transmission through the interface, which are modulated by the mismatch in

impedances (moduli) of the layers and the width of both the composition profile and

the modulus profile.

Figure 4.1 (A) depicts a schematic of the local Tg(z) profile across the PB/PS

bilayer system based on the measurements by Kasavan et al.73 A composition profile

drawn not to scale is shown as the sharp grey dashed curve, which should have an

interfacial width estimated from the value60 of χ at 120 ◦C of wI ≈ 5 nm, using the

relation wI = 2b√
6χ

, where b is the statistical segment length. While only the local

Tg(z) on the PS side of the PS/PB system was measured in Ref. [73], there was a

strong similarity in the length scales of Tg(z) perturbation in PS between the PS/PB

and PS/PnBMA systems, where a full profile is available for PS/PnBMA.69 In fact,

the length scale of Tg(z) perturbation was measured in various PS/polymer systems

and was found to depend primarily on whether the PS was adjacent to a lower bulk

Tg polymer (“soft confinement,” with Tg(z) profile length scales of z ≈ 225−250 nm)

or whether the PS was adjacent to a higher bulk Tg polymer (“hard confinement,”

with Tg(z) profile length scales of z ≈ 100 − 125 nm). We can therefore estimate

that the difference between the Tg(z) profiles of the PS/PB and PS/PnBMA systems

will be primarily that the overall magnitude of the Tg(z) profile in PS/PB will be

larger than for PS/PnBMA, since the Tg(z) needs to transition from the lower bulk

Tg polymer PB (T bulk
g = −96 ◦C) instead of PnBMA (T bulk

g = 21 ◦C). Figure 4.1 (B)

highlights the question that we seek to address of whether there is also a long length
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scale in a modulus profile WG that develops on annealing, which may relate to the

length scale of the Tg(z) profile. Figure 4.1 (C) shows the polymer bilayer of PB and

PS used in this study. The left bilayer corresponds to a minimally annealed bilayer,

for which we expect a sharp profile in modulus due to insufficient acoustic coupling

across the layers and a small wI . The right bilayer shows the broader modulus profile

expected to develop with annealing at 120 ◦C, which likely relates to the previously

measured buildup of the Tg(z) profile.70,73,90

Figure 4.1: (A) Expected local Tg(z) profile based on local fluorescence probe mea-
surements on PS/PB and PS/PnBMA systems.69,70,73 The blue Tg(z) profile is much
broader than the composition profile shown in grey, with a Tg(z) interfacial width
WTg ≈ 230 nm.69,70,73 The Tg(z) profile is also shifted to the glassy PS side. (B) A
gradient in the local shear modulus profile G(z) may be responsible for causing the
Tg(z) profile, and this work will aim to measure the width of this gradient WG. (C)
Polymer bilayer of PB and PS used in this study. With minimal annealing, we expect
a sharp profile in modulus due to insufficient coupling across the layers, and upon
annealing we expect a buildup of the modulus profile, related to the building up of
the Tg(z) profile.70
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Measurements of the moduli and thicknesses of the PB/PS bilayers were performed

using a QCM. QCM measurements were conducted at room temperature (25 ◦C) using

AT-cut quartz sensors from Stanford Research systems, with a fundamental frequency

f0 of 5 MHz. Resonance peaks were collected using an Agilent 4395a vector network

analyzer at 0 dBm, corresponding to a source power of 1 mW.181 We used an analytical

fitting function to fit the resonance peaks to obtain the resonance frequency fn and

dissipation Γn at the fundamental frequency n = 1 of the quartz oscillation and

at higher odd harmonics n, as discussed in Chapter 3. The bare quartz resonance

frequency and dissipation at each harmonic number were subtracted from the loaded

quartz values to obtain ∆fn = ffilm+QCM
n −fbare QCM

n and ∆Γn = Γfilm+QCM
n −Γbare QCM

n .

The frequency and dissipation shifts can be collected to form a complex frequency

shift ∆f̃n = ∆fn + i∆Γn, where i is the imaginary unit.

At low harmonic numbers n and for thin, sufficiently rigid layers deposited on

the QCM, the QCM is primarily sensitive to the thickness of the layers, for a given

density. At sufficiently large n and for thicker or lower modulus films, film resonance

occurs, which results in unreliable measurements.89 Therefore, the thickness of layers

deposited on the QCM must be chosen such that the frequency shifts fall within a

window between the end of the Sauerbrey regime and before film resonance.139 For our

measurements, we aimed to achieve film thicknesses of PS in the range 1.0− 1.3 µm,

and film thicknesses of PB in the range 250 − 450 nm. For these bilayer samples,

we expect resonance peaks for lower harmonics to be relatively unperturbed, because

lower harmonics are more sensitive to added mass, and the mass should not be varying

significantly with annealing. Resonance peaks at higher harmonics, however, are more

sensitive to the viscoelastic properties of the sample, and should therefore be altered

if there is a change in viscoelastic properties with annealing.

Figure 4.2 shows the n = 1 and n = 7 resonance peaks for a PB/PS bilayer sample

prior to and after annealing at 120 ◦C for 100 min. The thicknesses of the PB and PS
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Figure 4.2: Resonance frequency traces of a PB/PS bilayer collected with QCM after
minimal annealing at 25 ◦C for 20 h (A) and after annealing at 120 ◦C for 100 min
(B). The n = 1 (5 MHz) resonance displays only a small shift on annealing because
the QCM is more sensitive to the film’s mass at this frequency, while the n = 7
(35 MHz) resonance demonstrates a strong decrease in dissipation Γ7 (becomes more
narrow) with annealing at 120 ◦C.

layers determined by ellipsometry were 306 ± 2 nm and 1170 ± 70 nm, respectively.

The n = 1 peak is primarily sensitive to added mass, while the n = 7 peak, which

was the highest harmonic collected for the sample, is the most sensitive to changes

in the viscoelastic properties of the film. The resonance frequency f1 and dissipation

Γ1 for the fit to the n = 1 harmonic were, for the minimally annealed sample held
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at only 25 ◦C for 20 h, f1 = 4.99442 MHz ± 0.06 Hz and Γ1 = (26.65 ± 0.06) Hz.

After annealing the sample at 120 ◦C for 100 min, these values shifted slightly to

f1 = 4.99441 MHz ± 0.06 Hz and Γ1 = (29.82 ± 0.06) Hz. The absence of a large

shift in the resonance frequency and dissipation at n = 1 on annealing at 120 ◦C

is not surprising, since annealing should not be changing the mass or film thickness

appreciably. The sample composition itself should only be varying in the sense of

producing an interface with equilibrium interfacial width wI ≈ 5 nm. In contrast,

the resonance peak at the n = 7 harmonic, where the QCM is most sensitive to

the viscoelastic properties of the sample, shows a pronounced evolution to a more

sharply peaked (smaller dissipation) curve on annealing, related to greater mechanical

coupling across the layers and greater shear wave transmission. Specifically, the

resonance frequency f7 and dissipation Γ7 for the fit to the n = 7 harmonic were,

for the minimally annealed sample held at only 25 ◦C for 20 h, f7 = 34.94588 MHz

± 6 Hz and Γ7 = (1155± 5) Hz. After annealing the sample at 120 ◦C for 100 min,

the resonance frequency changed slightly to f7 = 34.94585 MHz ± 2 Hz, while the

dissipation of the n = 7 harmonic decreased by 40% to Γ7 = (692 ± 2) Hz. This

observation is consistent with an increased transmission of the acoustic shear waves

across the interface with annealing.

Figure 4.3 shows the dissipation shift as a function of annealing time ta at 120 ◦C

for the highest harmonic measured of n = 7, ∆Γ7(ta), for a PB/PS bilayer and

additional control measurements of a PS/PS bilayer and a single layer PB film. The

ta = 0 min data correspond to the minimally annealed case of 25 ◦C for 20 h. The

dissipation shift decreases monotonically for the PB/PS bilayer for all annealing times

with a trend that is especially pronounced for annealing times ≤ 100 min. Control

measurements on a PS/PS bilayer display an initial small ∆Γ7 decrease related to

the PS/PS layers intermixing, followed by a plateau in ∆Γ7 with annealing time at

120 ◦C. Control measurements on a single layer PB film show a plateau in ∆Γ7 up to
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approximately ta = 100 min, then a pronounced decrease of at least ≈ 30% at times

ta > 100 min. This decrease in ∆Γ7 for the single layer PB film is likely linked to

chemical degradation, resulting in an altered viscoelasticity of the layer. As a very

low molecular weight polymer, PB routinely comes with a small molecule additive

that stabilizes the polymer against degredation. However, our previous study73 found

that this additive can act as a plasticizer, which is why we washed the PB to remove

the additive. At 120 ◦C, PB is more than 200 ◦C above its bulk Tg, thus over an

extended period of time at such an elevated temperature it can easily degrade. Since

the decrease in dissipation shift of the PB/PS bilayer at very long annealing times at

120 ◦C may be influenced by chemical degradation of PB, we limited the maximum

annealing time to ta = 100 min, corresponding to the maximum annealing time of

the PB/PS bilayer. We chose this time because ∆Γ7 at ta = 100 min is less than

a 10% percent change from the minimally annealed ∆Γ7 for PB single layer films,

and because for the PB/PS bilayer, the trend in ∆Γ7 is similar up to and including

ta = 100 min, while the trend then continues with a lower slope at times ta > 100 min.

4.4.1 Continuum Physics Model

The continuum physics layer model that will be used here to fit the ∆fn and ∆Γn

experimental data is an extension from that developed in Chapter 3. The essential in-

gredients are that the QCM and layers atop the QCM are treated as continuum layers

described by a complex, frequency-dependent shear modulus G̃(f) = G′(f) + iG′′(f),

density ρ, and film thickness h. The density is held constant at a value determined

from the literature. The QCM produces a shear wave that obeys continuity of stress

and displacement across the layers, and zero stress boundary conditions at the free

surfaces. These continuity equations are numerically solved for the frequency and

dissipation shifts ∆fn and ∆Γn at each harmonic n.
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Figure 4.3: Dissipation shift as a function of cumulative annealing time ta at 120 ◦C
for the n = 7 harmonic ∆Γ7(ta) for a PB/PS bilayer and control measurements of a
PS/PS bilayer and single layer PB film. The dissipation shift decreases monotonically
for the PB/PS bilayer over a large range of ta. An initial dissipation shift decrease
was observed for a PS/PS bilayer corresponding to the PS/PS layers intermixing. A
single layer PB control displayed a decrease in dissipation shift at sufficiently high
annealing times ta > 100 min, which is likely linked to chemical degradation.

For the specific cases of PS and PB, the modulus of PS at room temperature and

MHz frequencies is approximately constant and can be well fit by a single frequency

independent storage modulus parameter G
′
PS.181 The density of PS is held fixed at

ρ = 1.04 g/cm3.122,181 The modulus of PB at room temperature and in the frequency

range between 5 MHz to 45 MHz (corresponding to the QCM harmonic range of n = 1

to 9) was previously established to depend on the harmonic number (frequency) as

G̃(f) = G′(f)+iG′′(f) = G
′
0n

β′
+iG

′′
0n

β′
(see Chapter 3).181 The values for the storage

modulus exponent β′ and the loss modulus exponent β′′ were determined in Ref. [181]

by fitting literature data as β′ = 0.50 ± 0.03 and β′′ = 0.74 ± 0.01, where excellent

agreement was found between the storage and loss moduli for PB determined by

QCM with that from literature studies that were collected at lower frequency then

time temperature shifted to MHz frequencies for a 25 ◦C reference temperature. The
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Figure 4.4: Continuum model layer geometry for bilayers and trilayers of PS and PB
on a QCM. Each layer is described by a thickness, density, and shear modulus. For
the trilayer geometry, an intermixing layer of thickness WG was placed between the
PS and PB layers. This intermixing layer was given a modulus and density that are
the average of the PS and PB moduli and densities.

density of PB is held fixed at ρ = 0.895 g/cm3.164,181

Here we extend the continuum physics model presented in Chapter 3 to treat

bilayer and trilayer film geometries. Figure 4.4 shows the layer model geometry for

these cases. The addition of a layer provides additional equations of displacement

and stress continuity for each interface. The displacement and shear moduli for a

layer j are given by

~uj(z, t) = e−iω̃t
(
Aj e

ik̃jz +Bj e
−ik̃jz

)
ŷ , (4.1)

σyz = G̃j
∂uy
∂z

(4.2)

For the bilayer shown in Figure 4.4 (A), continuity of displacement at the PS/quartz
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interface at z = 0 (no-slip boundary condition) gives

uPS(z, t)

∣∣∣∣
z=0

= uq(z, t)

∣∣∣∣
z=0

APS +BPS = Aq +Bq, (4.3)

and continuity of displacement at the PB/PS interface (z = hPS) gives

uPB(z, t)

∣∣∣∣
z=hPS

= uPS(z, t)

∣∣∣∣
z=hPS

APBe
ikPBhPS +BPBe

−ikPBhPS = APSe
ikPShPS +BPSe

−ikPShPS . (4.4)

Stress continuity (Newton’s third law) at the PS/quartz interface (z = 0) gives

σPS(z, t)

∣∣∣∣
z=0

= σq(z, t)

∣∣∣∣
z=0√

ρPSG
′
PS (APS −BPS) = Zq (Aq −Bq), (4.5)

where
√
ρPSG

′
PS is the acoustic impedance of PS, and Zq is the known acoustic

impedance for AT-cut quartz: Zq =
√
ρqGq = 8.8× 109 g m−2 Hz.89,181. The relation

k = ω
c

= ω
√

ρ
G

was used to substitute for the wavevector prefactors that are gained

after taking derivatives of the displacement. Stress continuity at the PB/PS interface

(z = hPS) gives

σPB(z, t)

∣∣∣∣
z=hPS

= σPS(z, t)

∣∣∣∣
z=hPS√

ρPB G̃PB[APBe
ikPBhPS −BPBe

−ikPBhPS ] =
√
ρPSG

′
PS[APSe

ikPShPS −BPSe
−ikPShPS ],

(4.6)

where

√
ρPB G̃PB is the acoustic impedance of PB. The PB film/air and bottom
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quartz/air interfaces are stress free, giving

σPB(z, t)

∣∣∣∣
z=(hPS+hPB)

= 0

APB −BPB exp

[
−i4π(hPS + hPB)

√
ρPB

G̃PB

(fn + iΓn)

]
= 0, (4.7)

and

σq(z, t)

∣∣∣∣
z=−L

= 0

Aq −Bq exp

[
i
2π

f0

(fn + iΓn)

]
= 0. (4.8)

To solve Equations (4.3)-(4.8), we first normalized the amplitudes by setting Aq =

1 nm. We also input an initial guess for the PB modulus G̃PB and thickness hPB

and the PS modulus G
′
PS and thickness hPS. For a given harmonic number n, we

then solved Equations (4.3)-(4.8) (6 equations) numerically for the six unknowns, all

of which are complex: ∆f̃n = ∆fn + i∆Γn, Bq, APS, BPS, APB, BPB. To fit the

experimental data with our continuum physics model to determine the moduli and

film thickness of the PB and PS layers, chi-squared minimization was performed using

the gradient-descent local minimization routine FindMinimum in Mathematica, which

performs a Levenberg-Marquardt routine. The resulting best fit parameters were the

storage and loss moduli prefactors G′0 and G′′0 and the film thickness of the PB layer,

and the modulus G
′
PS and film thickness of the PS layer.

The bilayer geometry shown in Figure 4.4 (A) was used to model the systems that

had not yet been annealed at 120 ◦C. This minimally annealed sample held at only

25 ◦C for 20 h will have a sharp PB/PS interface wI . 1 nm, and therefore should

not have a long-ranged perturbation to the local modulus. The fitting protocol used

to fit these bilayer data was to first fix the PS thickness to that determined from

fitting the single layer PS film on the QCM collected before floating the PB on top of
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the PS. For the PB layer, we held β′ = 0.50 and β′′ = 0.74 fixed and fit for G
′
0, G

′′
0 ,

and h. The fitting parameters for a bilayer were therefore the frequency-independent

glassy plateau modulus of the PS G
′
PS, and the storage and loss moduli terms G

′
0 and

G
′′
0 and film thickness h for PB.

These same samples were then annealed at 120 ◦C for different lengths of time

ta. It was found that the bilayer model did not fit the data, but instead a trilayer

model indicative of a broad modulus profile G(z) was needed to fit the data. The

trilayer model shown in Figure 4.4 mimics a broad G(z) profile by using a trilayer

model with an intermediate layer of average modulus G̃av between that of PB and

PS. For the trilayer system corresponding to a bilayer annealed at 120 ◦C, the values

of the bulk PB and PS moduli were held fixed at the values determined from fitting

the minimally annealed bilayer data. The intermediate interfacial layer consisted of

a layer with modulus that is the average of G̃PB and G
′
PS: G̃av =

G̃PB+G
′
PS

2
, and a

density which is the average of the densities of PB and PS: ρi = ρPB+ρPS

2
. The only fit

parameter for the trilayer model, therefore, is the layer width WG, and the internal

parameters of the displacement amplitudes in the interfacial layer Ai and Bi.

Figure 4.5 shows the dissipation shifts ∆Γn as a function of harmonic number n

for a PB/PS bilayer sample with hPS = 1100 nm, determined by fitting the PS single

layer, and hPB = 360 nm, determined by fitting the minimally-annealed PB/PS

bilayer. These values of the film thicknesses are in good agreement with separate

ellipsometry measurements of hPS = 1171 ± 69 nm and hPB = 306 ± 3 nm. The

blue curve corresponds to a fit of the minimally annealed ∆fn and ∆Γn data with

the bilayer continuum physics layer model shown in Figure 4.4 (A). From the bilayer

fit, the modulus of the PS was G′ = 1.72 GPa, in good agreement with our previous

measurements181 of the PS modulus of G′ ranging from 1.5 − 1.8 GPa. The PB

moduli and film thickness values determined from the bilayer fit were G
′
0 = 3.50 MPa,

G
′′
0 = 3.70 MPa, and h = 359 nm. These values of the moduli are in good agreement
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Figure 4.5: Dissipation shift ∆Γn decreases on annealing a bilayer of 360 nm PB atop
an 1100 nm PS layer. Symbols represent experimental dissipation shifts measured as
a function of harmonic number n collected after varying the annealing time at 120 ◦C
of the PB/PS sample. The blue symbols correspond to data collected after minimally
annealing the sample at 25 ◦C for 20 h. The blue curve is a fit to the minimally
annealed PB/PS sample data using the bilayer continuum physics model. The purple
and red curves are fits to the experimental data with a trilayer continuum physics
model consisting of a bulk PB and bulk PS layer that sandwich an intermixed layer
of thickness WG with average modulus and density of the bulk PB and PS layers.

with previous measurements of the PB moduli181 of G
′
0 ranging from 2.64−3.75 MPa

and G
′′
0 ranging from 4.07 − 5.08 MPa. However, when we tried fitting the 120 ◦C

annealed data with a simple bilayer model, the resulting moduli values were deemed

unreliable, deviating by more than 30% from the bulk values. Specifically, these

moduli values were G
′
PS = 1.1 GPa, and for PB, G

′
0 = 5.0 MPa and G

′′
0 = 8.7 MPa.

The large deviations between these values and values measured of single layer PB

and PS films181 indicates that the bilayer model is not sufficient to treat data from

PB/PS samples annealed at 120 ◦C.
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We instead found that a trilayer model depicted in Figure 4.4 (B) that included

an intermixing layer was necessary to treat QCM data collected for PB/PS bilayers

annealed at 120 ◦C. The purple and red curves in Figure 4.5 are fits using the trilayer

model to the 120 ◦C experimental data, where a best-fit intermixing layer thickness

WG = 67 nm was found for ta = 40 min, and WG = 153 nm for ta = 100 min.

These values of WG can be understood as a coarse-grained measure of the width

of the local modulus profile G(z), which may in reality follow a hyperbolic tangent

function similar to the Tg(z) profile.69 These large values of WG are in contrast with

the considerably shorter compositional interfacial width wI calculated from the in-

teraction parameter60,182 χ = 0.032 at the annealing temperature of 120 ◦C using

wI = 2b√
6χ
≈ 2.8 nm, where the average value of the statistical segment lengths182

of PS (bPS = 0.68 nm) and PB (bPB = 0.53 nm) was used. Capillary waves tend to

increase values of the interfacial width by a couple of nm,63 so that the interfacial

width for this PB/PS system annealed to equilibrium is likely closer to wI ≈ 5 nm,

still much smaller than the WG values obtained above. By extension, the G(z) profile

is significantly more broad than the composition profile, with the length scales of the

G(z) profile more closely related to the length scales of the Tg(z) profile than the

composition profile.

The broad G(z) profile implied by the large length scales of WG reduces the

impedance mismatch locally across the polymer domains, since the local impedance

is directly related to the local modulus. The development of a broad G(z) profile

across dissimilar polymer domains by annealing therefore suggests an increase in the

transmission of vibrational modes across the interface. This increased transmission

of vibrational modes may then perturb the local vibrational modes in the polymer

domains, which have been shown to be predictors of structural relaxations associated

with the glass transition.123,124,183–185 The inherently long-ranged nature of sound

waves and associated vibrational modes may also provide an explanation for the



102

long-ranged nature of the perturbations to the local Tg(z) and G(z) profiles. The

presence of a long-ranged viscoelastic gradient near the PB/PS interface formed on

annealing may also result in perturbations to the local Tg(z) near the interface by

altering the energy barrier height to α-relaxations. In this picture, a reduced local

modulus may facilitate cage breaking events, in a manner analogous to the cage-

breaking mechanism in the Shoving36,37 and ECNLE17,28–35 models that have been

applied to bulk glasses, as well as freestanding and supported polymer films.

4.5 Conclusions

Previous studies by our group70,90 have demonstrated that small changes in the

composition profile between dissimilar polymer domains associated with annealing

can strongly alter the dynamical coupling across these domains, as measured by the

local glass transition temperature Tg(z). In contrast, other studies have reported

that the film-averaged Tg of polymers supported on liquid interfaces behave similar

to the Tg of polymers supported on rigid substrates.85,86 We proposed in Chapter 3

that the mechanism underlying strong dynamic coupling across dissimilar polymer-

polymer interfaces may be related to acoustic impedance matching, where similar

moduli and densities and larger interfacial widths between layers translate into more

transmission of acoustic vibrational modes through the interface. These vibrational

modes may then interact with local “soft spots,” resulting in alterations to local

α-relaxations.123,124,183–185 With this mechanism of acoustic vibrational mode trans-

mission potentially being responsible for local Tg(z) perturbation near interfaces in

mind, we have used a QCM to demonstrate that MHz-frequency acoustic shear waves

are transmitted differently through a PB/PS interface depending on whether the in-

terface was minimally annealed at 25 ◦C for 20 h or annealed at 120 ◦C for times

up to 100 min. Extending the continuum physics layer model for QCM described in
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Chapter 3, we have shown that the 120 ◦C annealed bilayer data are inconsistent with

the notion of only the compositional interfacial width wI increasing, and that there is

instead a longer-ranged altered viscoelastic profile of width WG ≈ 150 nm produced

during the interfacial annealing. This large value of WG implies a long range of per-

turbation to the local modulus profile G(z) near the PB/PS interface, with similar

length scales as the width of the local Tg(z) profile. This similarity in length scales be-

tween the modulus G(z) and Tg(z) gradient provides further evidence that increased

transmission of vibrational modes across dissimilar polymer-polymer interfaces occur-

ring on annealing is likely responsible for the broad Tg(z) and G(z) gradients across

the interface indicating a long range coupling of dynamics. This broad G(z) profile

reduces the impedance mismatch locally across the polymer domains, since the lo-

cal impedance is directly related to the local modulus. This increased transmission

of vibrational modes may be associated with perturbations to the local vibrational

modes in the material, which can alter structural relaxations associated with the glass

transition.123,124,183–185
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Chapter 5

Summary and Conclusions

In this dissertation, I have used a modified fluorescence method82 to measure the

local glass transition temperature Tg(z) of multilayer polymer films, and have devel-

oped a quartz crystal microbalance (QCM) method to measure the MHz-frequency

modulus of single layer and bilayer films. These measurements have collectively ad-

dressed the question of how the modulus of a polymer domain impacts the local Tg(z)

in an adjacent polymer domain, and they have demonstrated that the mechanism

causing long-ranged perturbations to the local Tg(z) near dissimilar polymer-polymer

interfaces may be the propagation of vibrational modes across the interface, where

the transmission of these modes through the interface is assisted by a broad shear

modulus G̃(z) profile across the interface that is developed after sufficient annealing

of the interface.

Studies on thin polymer films have demonstrated a range of property changes with

decreasing film thickness caused by interface effects,15,17,38,91,92 including polymer-

polymer interfaces.69,70,77,82,92–101 The tuning of the properties of multicomponent

materials requires an understanding of how these interface effects perturb local prop-

erties. To isolate the effect of individual interfaces in multicomponent systems, studies

of simplified geometries with a single interface are often used. This simplified geom-
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etry renders both experimental and theoretical methods more tractable and provides

insight into the fundamental physics of polymer-polymer interfaces.

In 2015, Baglay and Roth used a local fluorescence probe method to obtain a pro-

file of the local glass transition temperature Tg(z) near a glassy-rubbery polystyrene

(PS) / poly(n-butyl methacrylate) (PnBMA) interface.69 They found this profile in

local dynamics to be much more broad than the composition profile in addition to

being asymmetric, with the local Tg(z) in PS converging to bulk Tg at a larger dis-

tance from the interface than the Tg(z) in PnBMA. Follow-up work demonstrated a

similar Tg(z) behavior for a range of weakly immiscible polymer pairs,70,73 and it was

revealed that the spatial range of Tg(z) perturbation in PS depended on whether the

neighboring polymer domain had a higher T bulk
g (“hard confinement”, with perturba-

tions to PS Tg(z) extending to z ≈ 100–125 nm), or lower T bulk
g (“soft confinement,”

with perturbations to PS Tg(z) extending to z ≈ 225–250 nm). An additional obser-

vation in Ref. [70] was that these broad Tg(z) profiles only formed upon annealing

the dissimilar polymer-polymer interface to equilibrium, suggesting that some factor

relating to the formation of the polymer-polymer interface was responsible for the

coupling of Tg dynamics across the interface.

These studies that mapped the local Tg(z) across dissimilar polymer-polymer in-

terfaces with interfacial widths wI ≈ 5− 7 nm created a number of open questions in

the field. First, what causes the large length scale of perturbation to local Tg(z) near

polymer-polymer interfaces? This question relates to what is the relevant parameter

describing hard or soft confinement, since the breadth of the Tg(z) profile of PS under

soft confinement was approximately double that of PS under hard confinement. The-

ory and simulations suggested that the relevant parameter in perturbations to Tg(z)

near interfaces may have been the glassy plateau shear modulus through the Debye-

Waller factor,77 but there did not exist an experimental study that measured the

effect of systematically varying the modulus of a polymer domain on the local Tg(z)
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in an adjacent polymer domain. A second open question was why is annealing of the

dissimilar polymer-polymer interface required to obtain these large length scales of

local Tg(z) perturbation? Annealing of the interface leads to an increased interfacial

width, interfacial roughness, and chain connectivity across the interface. While the

effects of interfacial roughness71 and chain connectivity72 had been experimentally

investigated, the role of interfacial width on influencing the coupling of Tg dynamics

across the interface was an open question.

One of my significant contributions to the literature was demonstrating that the

local Tg(z) in PS is strongly sensitive to the modulus of the neighboring polydimethyl-

siloxane (PDMS) domain, which I tuned by varying the cross-link density of the

PDMS. In Chapter 2, I used the localized fluorescence method developed in Ref. [82]

to measure profiles of the local glass transition temperature Tg(z) within PS next to

PDMS domains. By changing the base to cross-linker ratio, I varied the cross-link

density and therefore the Young’s modulus of the PDMS. I found that the local Tg(z)

in PS at a distance of z = 50 nm away from the PS/PDMS interface shifted by 40 K as

the PDMS modulus was varied from 0.9–2.6 MPa, demonstrating a strong sensitivity

of the glass forming dynamics to the rigidity of the neighboring domain.

Chapter 2 helped address the open question in the literature of what role the

modulus plays in altering local Tg dynamics. Interestingly, the cross-link ratios of

PDMS used should not have altered the glassy shear modulus, and instead should

only have varied the low frequency modulus. The strong sensitivity of the local Tg(z)

in PS to the low frequency modulus of PDMS suggests that there is a key component

missing in some current theories of the glass transition and simulations, which point

to the Debye-Waller factor (related to the high-frequency glassy shear modulus) as

the key parameter in influencing Tg perturbations near interfaces. This work therefore

points to a potentially fruitful new avenue for theories and simulations to investigate

the effects of the low frequency modulus and associated longer wavelength phenomena
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relating to structural relaxation associated with the glass transition.

Also in Chapter 2, I found that the extent the Tg(z) perturbation persists away

from the PS/PDMS interface is z ≈ 65–90 nm before bulk Tg is recovered, which

is much shorter for this strongly immiscible system compared with the weakly im-

miscible systems studied by Baglay and Roth. We attributed this reduced length

scale to the smaller interfacial width of the PS/PDMS system of wI ≈ 1.5 nm com-

pared to the systems studied by Baglay and Roth with interfacial widths ranging

from wI ≈ 5 − 7 nm. This finding suggests that the interfacial width, along with

the relative moduli of the layers, plays a key role in determining the spatial extent

of the Tg(z) profile near immiscible polymer-polymer interfaces and provided strong

evidence that the broader interfacial width is the main reason that annealing an

immiscible polymer-polymer interface is required to obtain a broad Tg(z) profile.

Since the publication corresponding to Chapter 2, our work has been cited by four

reviews examining the causes of Tg perturbations by interfaces.186–189 In Refs. [186–

188] our work is cited by virtue of its being the only experimental study that has

measured the influence of the modulus of a polymer domain on the local Tg(z) of an

adjacent polymer domain. Ref. [189] cited our work with other works as an example

of the use of the local fluorescence probe method to determine the local Tg(z) in

polymer systems.

Gathering the results of a large effect of modulus of a domain on the local Tg(z)

in an adjacent domain, together with the importance of annealing in obtaining long

length scales of perturbations to Tg(z), we suggested in Chapter 2 that the mechanism

behind the modulus of a polymer domain perturbing the local Tg(z) in an adjacent

polymer domain may be related to impedance matching, where acoustic wave trans-

mission through a dissimilar polymer-polymer interface is controlled by the relative

impedances Z̃ =

√
ρG̃ of the domains and the breadth of the density and modulus

profiles. To directly measure the acoustic wave transmission and modulus profile near
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dissimilar polymer-polymer interfaces, I designed an electrical circuit that incorpo-

rated a QCM and developed a continuum physics model in collaboration with the

Burton Lab at Emory.

Standard QCM analysis methods typically simplify equations to facilitate analyti-

cal solutions,89 but this can limit the maximum harmonic number accessible, as these

analytical solutions become invalid as film resonance is approached at higher harmon-

ics. This limitation becomes especially problematic for thick, rubbery polymer films,

for which the onset of film resonance occurs at lower harmonics. In addition, the

standard method of QCM analysis uses an acoustic multilayer formalism, in which an

equivalent circuit model is used to solve for the acoustic impedance of the QCM-film

system from which the viscoelastic properties of the film can be extracted.156,157 Al-

though powerful and intuitive for those with a strong circuit background, this method

can obscure the connection between the underlying physics and the properties of the

material being studied.

In Chapter 3, I presented a physically intuitive continuum physics model that

numerically solves a system of equations stemming from standard continuum physics

boundary conditions of displacement and stress continuity across interfaces. The

solutions to these equations are the resonance frequency and dissipation shifts ∆fn

and ∆Γn at each odd harmonic n that occur on loading the QCM with a film. This

continuum model was then fit to experimental data I collected of rubbery polybuta-

diene (PB) and PDMS films, as well as glassy PS films, to determine the frequency-

dependent complex shear moduli G̃(ω) = G′(ω) + iG′′(ω) at MHz frequencies and the

film thicknesses h of the films. The storage and loss moduli of PB and PDMS, which

are both in the rubber-to-glass transition at the MHz frequencies of the QCM oscilla-

tor, were modeled as linear on a log-log scale with the frequency/harmonic number:

G′ = G′0(n)β
′

and G′′ = G′′0(n)β
′′
. This assumption of the frequency dependence of the

storage and loss moduli is valid in the relatively narrow frequency range of the QCM
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(∼ 5 MHz-65 MHz), and is a more realistic treatment of the modulus of a viscoelastic

solid than the Kelvin-Voigt model of a solid occasionally used in QCM modeling.89

Values for the exponents β
′

and β
′′
, corresponding to the slopes of the log(modulus)

vs. log(frequency) between 5 MHz-65 MHz were determined by fitting to literature

data that had been collected with lower frequency (approximately 10−3 to 10+1 Hz)

rheometry at a range of different temperatures, and then time-temperature shifted

to higher frequencies corresponding to a reference temperature of 25 ◦C. Excellent

agreement between the direct measurements of the MHz-frequency moduli by QCM

and these time-temperature shifted literature values were found for the measured

systems of PB and PDMS, as well as for the glassy plateau shear modulus of PS.

With the QCM method for determining the modulus and thickness of films in the

MHz-frequency regime established in Chapter 3, I returned in Chapter 4 to the prob-

lem of measuring the propagation of acoustic waves and of potentially connecting the

Tg(z) profile with a local modulus G(z) profile that relates to an acoustic impedance

profile near dissimilar polymer-polymer interfaces. By extending the QCM method

and continuum physics model to treat a bilayer film, I found that MHz-frequency

shear waves produced by a QCM are transmitted differently through a PB/PS in-

terface depending on whether the interface has been minimally annealed at 25 ◦C or

annealed at 120 ◦C, which should produce an interfacial width of at most wI ≈ 5 nm

for this weakly immiscible system.

Using a continuum physics layer model, I showed that the data for a PB/PS

bilayer that had undergone minimal annealing of 25 ◦C for 20 h were fit well with

a bilayer model. This was expected, as in this case we would not expect the Tg(z)

profile, and by extension the G(z) profile, to be well developed, and the moduli

of each layer should not be appreciably perturbed from their bulk values near the

interface. In contrast, data from the same sample after having been annealed at

120 ◦C required treatment with a trilayer model. In this trilayer model, bulk PB and
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PS layers with moduli determined from fitting the minimally annealed bilayer data

sandwiched an interfacial layer of thickness WG, which represents the spatial extent

of the local modulus profile near the PB/PS interface. The modulus of this interfacial

layer was modeled as the average of the bulk PB and PS moduli determined from

fitting the minimally annealed bilayer data, and the density of the interfacial layer

was taken to be the average of the densities of PB and PS. Fitting this trilayer model

to data collected for a sample that had been annealed at 120 ◦C for WG, I found

that WG systematically increased with annealing time at 120 ◦C, with the value at

the longest annealing time of 100 min at 120 ◦C of WG = 153 nm. This finding

implies that the breadth of the modulus profile for this immiscible polymer bilayer

system annealed at 120 ◦C is similar to the breadth of local Tg(z) profiles,69,70,90 both

of which are considerably larger than the composition profile width of the PB/PS

system annealed to equilibrium of wI ≈ 5 nm.

The broad G(z) profile that is developed on annealing at temperatures above

the highest T bulk
g of the system reduces the impedance mismatch locally across the

polymer domains, since the local impedance is directly related to the local modulus.

The increased transmission of vibrational modes associated with a locally reduced

impedance mismatch may be associated with perturbations to the local vibrational

modes in the material, which can alter structural relaxations associated with the glass

transition.123,124,183–185 Alterations to the local modulus may also facilitate cage break-

ing events, in a manner analogous to the cage-breaking mechanism in the Shoving36,37

and ECNLE17,28–35 models.

The results of my PhD work have left a number of open questions. First, what is

the shape of the modulus profile near a dissimilar polymer-polymer interface? Is the

profile asymmetric, like the Tg(z) profile?69 This might be investigated by extending

our continuum physics layer model into one that approximates continuous modulus

or density profiles by decomposing the profile into a series of thin slabs with varying
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moduli. The modulus of each layer could be chosen to follow a linear or hyperbolic

tangent profile, and matrices used to represent the acoustic properties of each layer.

The solution of this matrix system could then yield the parameters that define the

modulus gradient, such as the width and slope of the gradient and whether the profile

is shifted to one side of the interface. I have developed the necessary matrix math of

this model and Alex Couturier, the most recent member of the Roth Lab, will further

develop the model and fit it to experimental data. An additional adaptation of the

continuum physics model that may be worth exploring is to incorporate reflection

and transmission coefficients within the model, to be able to quantify the reflection

and transmission of MHz-frequency shear waves propagating through a dissimilar

polymer-polymer interface. One can imagine a plot of the transmission coefficient

as a function of annealing time or of interfacial width as being useful to understand

at what annealing time or interfacial width the transmission or reflection saturates.

Another open question is to what extent do results from the MHz-frequency shear

wave propagation through a dissimilar polymer-polymer interface as measured by

QCM relate to the propagation of vibrational modes relevant for altering the local Tg

dynamics? Perhaps other forms of acoustic measurements, such as those performed

at different frequencies than MHz frequencies, or perhaps those that produce com-

pression waves, could be worthwhile to apply to bilayer systems, with the goal of

extracting a modulus profile near the interface. A similar continuum physics model

to that developed in Chapters 3 and 4 for QCM could be developed for these other

acoustic measurement methods, and perhaps differences in the length scale or shape

of the modulus profile as measured by these other methods could identify a frequency

range or a mode of oscillation that relate most directly to the local Tg(z) profile width

or shape.
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